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Chapter 1: Introduction
Superalloys and especially precipitation hardened Ni-based superalloys have been broadly used in
the hot sections of aircraft engines since the commencement in the mid-20th century. Decades of
research has been focused on improving the high-temperature properties of nickel-based
superalloys, an essential class of materials used in the hot section of jet turbine engines,
allowing increased engine efficiency and reduced CO 2 emissions. The relentless drive for
energy efficiency in power generation and propulsion places development of high-performance
materials at the forefront of materials science. Turbine engine efficiency and reduction in
carbon emissions are directly related to engine operating temperature. With increasi ng
temperatures, materials start to plastically deform under load, a process known as creep, which
eventually sets the most severe limits on materials performance. Therefore, increased
performance in aircraft engines and land-based power generators necessitate the evolution of a
new age of high-temperature structural materials that are resistant to creep. Among these
materials, Ni-based superalloys offer a unique combination of creep, fatigue and corrosion
resistance [1].
Nickel based superalloys are a remarkable class of metallic medium with an outstanding
integration of high temperature strength, toughness, and resistance to degradation in corrosive or
oxidizing environments. These alloys are extensively used in aircraft and power-generation
turbines, rocket engines, and other challenging environments, including nuclear power and
chemical processing plants. Thorough alloy and process development tasks during the past few
decades have accompanied by alloys that can withstand average temperatures of 1050°C with rare
excursions (or local hot spots near airfoil tips) to temperatures as high as 1200°C that is roughly
90% of the melting point of the material [2].
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Superalloys is a broad class of metals with especially high strength at elevated temperatures.
Nickel-based superalloys account for 40–50% of the total weight of an aircraft engine. The
principle components of an aircraft gas turbine is exposed to high operating loads and temperatures
with an air intake temperature of 15°C followed by the fan, compressor, combustion chamber,
turbine, exhaust system, and control system during operating as shown in Figure 1.

Figure 1: Volvo RM 12 engine components operating temperatures [3].
Modern day jet engines operate under the Brayton cycle that operates on the principle in which
the compressed inlet air is mixed with fuel and the mixed fuel air mixture is combusted and
eventually exhausted through an expansion turbine to generate power. In order to increase the
efficiency by 1% the working temperature needs to increase typicall by 10 °C . Over the past 3
decades a steady rise in the working temperature is reported from 980 °C to 1427 °C, present a
ever growing need for improved design for hot-section components. The compressor has a working
temperature up to 550 °C and 500 MPa. The combustion chamber is weak loaded with gas
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temperatures up to 1700 °C and is air cooled to 1100 – 1300 °C. The main limiting factor for
degradation is corrosion and thermal fatigue. Turbines discs working temperature reaches 750 °C
with centrifugal force up to 500 MPa which requires a superalloy with high yield and fatigue
strength [4].

Figure 2: (a) Aircraft gas turbine parts and, (b) Temperature and stress distribution in a turbine
blade [5].
Turbine blades need to withstand a combination of high stresses and temperature which requires
excellent yield and creep resistance with good thermal fatigue and hot corrosion resistance. All of
the above requirements can be fulfilled with Ni-based superalloys. To ensure the hot-section
components such as turbine blades withstand such high operating temperatures a ceramic/metallic
thermal coating coating can provide protection and thus enhance the corrosion and oxidation
resiistance of the component. Second option would be to improve the design features and
incorporate complex cooling channels to keep the component temperature within the design safety
factor. Finally, there is a need for alloy development as all the possiblities of advanced superalloys
are not yet explored and therefore superalloys that qualify hot-section componets that has high
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creep strength and fatigue properties is being explored. Figure 2 shows the principle components
of an aircraft gas turbine parts exposed to high loads and temperatures.
Superalloys that can withstand operating temperatures above 550 °C, which can withstand exterme
environments are designed based on the application and consititute Ni based, Co based, and Ni-Fe
based superalloys. Depending on the microstructure control during processing the superalloys have
polycrystalline structure structure, directionally solidified structure, and single crystal structure.
Polycrystalline strucutre or equiaxed structure are inclined to faster failure during operation at high
temperature due to the presence of transverse grain boundaries. However, during direction
solidification which mostly consists columnar grains, majority of the grain are oriented in one
direction that is parallel to the heat flow and loading direction, which results in insufficient
transverse grain boundaries and improved creep rupture strength compared to polycrystalline
structures. In addition to improved high temperature strength and creep resistence, annihilation of
the transverse grain boundaries improves the fatigue life and the elastic modulus in the loading
direction of the columnar grained directionally solidified component. Finally, the microstructure
in the absence of grain boundaries known as single crystal provides the ultimate fracture toughness
and creep ruture strength during high temperature processing of a component. Moreover, the
presence of the strngthening grain boundary carbide and boride phases that have low melting
points that is detrimental to the fatigue life of a superalloy is not present in single-crystal due to
the absence of grain boundaries [6].
Ni based precipitation hardened superalloys are primarily strengthened due to the precipitation of
the secondary phase (γ') that develops anti phase boundaries resulting in retardation of dislocation
motion. The strengthening mechanism is dervied by the γʹ phase, however, when γ' is higher than
40 volume percent it is susceptible to cracking during processing or in service. When the Al, and
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Ti content is less that 4 wt. % the alloy is said to be fabricable and above 4 wt. % the alloy is
considered non-weldeble. Repair and fabrication can be used to extend a components life as several
turbine components upon wear are scrapped and replaced, thus increasing the total replacement
cost to millions of dollors. Component repair through convetional processes is not possible and
welding of superalloys are prone to cracking. However, AM has show tremendous progress
comercially to fabricate and repair Ni based superalloys for high temperature applications while
maintaining the the parent microstrucutre and geometry, qualifying the parts to be rueused [7].
AM has also been used to develop new alloys through rapid alloy development technique as the
process has the flexibility to fabricate and achive new alloys at every pixel. Additive
manufacturing shows a call for fabricating high-temperature components made of Ni-based
superalloys. AM accommodates manufacturing and repair of complex near-net-shape components
without the need for traditional machining. Quick production of components of complex
geometries, without size restriction, full-dense structure, high-performance parts produced by AM
save cost and time compared to conventional manufacturing methods. Overall, the efficient
validation of developing Ni based superalloys by AM that consist low and high volume fraction
of γʹ, show the feasibility to rapidly develop new alloys that has the potential to revolutuionize the
aerospace and energy sectors resulting in advanced operation of the components and cost savings
[8].
1.1 Research Motivation
Direct laser metal deposition (LMD) is a directed energy deposition-based AM process developed
for a wide range of applications that are currently employed in aerospace, medical and automotive
sectors. LMD provides exceptional features through which one can achieve functional components
with complex geometries that can be tailored to be lighter with enhanced microstrure and property.

6

LMD has been explored considerably in the past few years on various alloy systems, however, Nibased superalloy systems need more rudimentary research to boost scientific comprehension.
Moreover, LMD has several applied and practical challenges yet to be controlled in order to
completely take full advantage of the fabrication technique to develop processing parameters of
several new alloy systems. As structural materials, nickel-based superalloys possess outstanding
properties at elevated temperatures and play an important role for high-temperature applications,
especially in the development of gas turbine engine components. Newly developed superalloys are
continually sought to be used in the hottest parts of the engine because the efficiency of the engine,
fuel economy and reduction of emissions, can be improved by higher operation temperatures. The
continual demand for improved performance of jet engines has pushed the usage of these alloys to
even higher temperatures, which requires better mechanical properties, such as creep strength,
oxidation, and corrosion resistance.
LMD is a solid freeform manufacturing technique that requires transforming fine metal powders
into a dense three-dimensional form directly from a computer-aided design (CAD) model. Steps
involved during processing of superalloys by LMD starts with an energy source such as a laser
and mass transfer , melting of metal powders involving fluid flow followed by phase
transformation, and microstructure forming within the melt pool under condition of rapid
solidification and finally a 3D component is fabricated. LMD typically is a high cooling rate
process (103 to 105 K/s) thus the resulting microstructre, property and behavior vary considerably
compared to the outcome of cast and wroght materials. Componets developed during LMD due to
rapid cooling naturally exhibits very fine non-equilibrium microstructure, infinite diffusion in
liquid and negligible solid state tranformation, development of supersaturated solid solution,
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elemntal segregation, strong texture along the build direction, and formation of fine seconday
phases and carbides usually in the interdendritc regions and grain boundaries.
LMD of γ' strengthened Ni based superalloys poses a challenge during processing as it is prone to
form low melting point secondary phases that can lead to incipient melting and eventually
cracking. Moreover, the presence of several alloying elements present in the Ni based superalloys
during processing by LMD may result in complex solidification paths due to the difference in their
thermo-pyhsical properties. Design of experiments can be used to upgrade the process parameters
in order to achive crack free deposits, however, controlling the microstructure in order to obtain
eqiaxed or columnar or single crystal structures is even more challenging. Due to the composition
variation in several superalloys each alloy demostrates a wide variation in its liquidus, solidus, and
solvus tempratures, thermal conductivity, heat capacity etc. Thus there is a need to optimize and
develop processing parameters for every new alloy system that interacts with the laser. As there
are several Ni-based superalloys, not all of the alloys microstructure and material properties during
LMD process have been thoroughly studied and this poses as a challenge and a need to develop
the process-structure-property relationship for Ni-based superalloys.
1.2 Research objectives
The current thesis aims to establish the procees-structure-property relationship of Ni-based
superalloys by LMD and therfore contributing to the advancement of AM technology.
The specific research objectives are:


To develop process parameters and obtain defect free deposits of low γ' and high γ' Nibased superalloy, develop functionally graded materials with the scope of presenting the
flexibility of rapid alloy development, and apply CALPHAD based solidification and phase
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transformation modeling to predict alloy composition range that will exhibit room
temperature yield strength (YS) > 1200 MPa with tensile elongation > 20 %.


To develop functional parts by LMD such as crack free gas turbine blade using high γ' Ni
based superalloy, steam headers and tubes for ultra super critical boliers using low γ' Ni
based superalloy, controlled functionally graded component with varying composition at
each location.



Gain scientific understanding of the nature of LMD process during melting, remelting,
control the precipitation kinetics of γ' and solidification paths through experimental
methods and validating using thermodynamic simulation.



Incorporate high resolution optical microscopy, scanning electron microscopy, and
transmission electron microscopy and tension testing, and Vickers micros hardness based
non-destructive and destructive techniques to understand the process-structure-property
relationship of LMD deposited and heat treated Ni-based superalloys.

1.3 Outline of the dissertation
Chapter 2 documents the background of the advancement of Ni based superalloys and processing
complexities through a thorough literature review.
Chapter 3 presents the design and development of the AM based LMD system and also reports the
experimental details and characterization procedure in the current work.
Chapter 4 focuses on the development of process parameters for LMD of Haynes 282 a low γ' Ni
based superalloy with no open literature available. Also, several post processing heat treatment
cycles on the as-deposited samples were conducted to understand the coarsening effect of γ'
particles and its resulting mechanical properties.
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Chapter 5 focuses on the details of a feasibility study of manufacturing a crack free turbine balde
through LMD. High γʹ Inconel 738 superalloy is investigated that contains a bi-modal distribution
of primary cuboidal γʹ and secondary spheroidal γ'. The results of this chapter are used to address
the cracking mechanism, elastic strain energy that affects the shape of the precipitates, and its
resulting mechanical properties.
Chapter 6 focuses on developing functionally graded materials resulting in a processing route for
quick alloy development as well employing LMD. FGMMC from 100 wt.% HY282 to 85 wt.%
HY282 + 15 wt.% SiC at an increment of 1wt.% SiC, respectively, in successive layers was
evaluated for microstructural evolution and consequent mechanical properties.
Chapter 7 focuses on developing novel Ni-based superalloys employing LMD by understanding
the precipitation kinetics γ' in order to achieve YS > 1200 MPa, and tensile elongation > 20 %.
Chapter 8 outlines the summary of the research and the novel contributions, and potential future
research work.
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Chapter 2: Literature Review
Nickel-based superalloys, whose invention dates back to the 1940s, are commonly used in hot
sections of turbine blades, rocket engines, nuclear power and chemical processing plants [1,2]. As
shown in Figure 2 [5], first superalloys were in wrought forms; however, with evolving process
technologies, superalloys have been generated in conventionally cast, directionally solidified and
single-crystal forms, respectively. Ni-base alloys developed into a broad class of what are now
called nickelbase superalloys. Nickel has high melting point (1452 °C), which contributes to the
high temperature resistance for the alloys [9]. Elements such as tantalum, titanium, chromium,
tungsten and molybdenum also have very high melting points and retain their hardness and high
strength at temperature range between 1000~1200°C. The initial development was the addition of
a small amount of Al and Ti, in Ni originally to act as deoxidizers. Aluminum has a beneficial
effect on oxidation resistance as it forms stable Al 2O3 in the oxide scale during high temperature
exposure. The ordered FCC phase, known as Ni3(Al,Ti,Ta), strengthens the disordered primary
solid solution γ by forming coherent or semi-coherent phase boundaries. The Al and Ti content
were increased to increase the volume fraction of γʹ precipitates. At the same time, increased
additions of the hardening elements led to an increase in the γʹ solutionizing temperature and a
decrease in the incipient melting temperature of the alloy. Since the larger this processing window
(defined by the difference between γʹ solutionizing temperature and the alloys incipient melting
temperature) is, the easier it is to hot work the material [10]. This was achieved by reducing the
chromium content. As a result, the γʹ solutionizing temperature was lowered. However, reducing
chromium degenerated the material design because high chromium is important for oxidization
and corrosion resistance. The loss in oxidation resistance due to the reduced chromium content has
been compensated by the increased addition of aluminum. Then molybdenum, tungsten, niobium
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and tantalum were used primarily to provide solid solution strengthening at high temperatures. W
and Nb increases the melting temperature of the alloy, and in addition of Ta and Mo creep strength
of the alloy improves.
2.1 Functions of Various Alloying Elements
Table 1: Function of alloying elements in Ni – based superalloys [11].
Elements
Co, Cr, Fe, Mo, W, Ta, Re
Ti, W, Mo, Ta, Nb, Hf, Cr
Al, Ti, Ta
Nb, Ta
Co
Al, Ti, N
Al, Cr, Y
Y, La, Ce
Hf
La, Th
Cr, Co, Si
Re
B, Ta
B, C, Zr
C, N

Effect on microstructure and property
Solid Solution Strengthening
Carbide formers
γʹ formers
γʹʹ formers Ni3(Nb, Ta)
Raises solvus temperature of γʹ phase
Form hardening precipitates and/or intermetallics
Increase oxidation resistance
Increase oxidation resistance
Improves ductility at intermediate temperatures
Improve hot corrosion resistance
Increase sulphidation resistance
Retards γʹ phase coarsening
Improve rupture strength
Refine grain
Form carbonitrides

2.2 Solid solution strengthening
Solutes with reasonable solid solubility and high hardening co-efficients can provide appreciable
solid solution hardening to the matrix and improve the creep strength of the alloys. This is
achived by dissolving one metal atom into another. The solubility of various elements in nickel
can be assessed by a size factor that has the expression 100(di – dNi)/dNi. di is the atomic diameter
of element i. Elements falling within the shaded zone (±15 size factor) in figure 3 are expected to
exhibit good solid solubility in nickel [12, 13]. Depending on the relative size solute atoms of
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similar or greater size substitute for the solvent atom forming substitutional solid solution.
Elements suchs as Co, Mo, W, Ti, and Al provide solid solution strengthening combining with Ni
forming the γ matrix whose atomic radius is bigger than Ni in the range between 1 % for Co to 13
% for W. On the other hand solute atom of very small atomic radii such as carbon in iron will fit
in between the intersticies of the solvent atom forming interstitial solid solutions.

Figure 3: Size factor for solid solutions with Ni [13].
Solid solution strengthening primarily improves the resistance to dislocations motion in an alloy.
Solute atoms cause distortions creating cottrell atmosphere and the shear modulus changes in the
lattice, which makes it difficult for cross slip of dissociated dislocations in solid solutions where
the stacking fault energy has been lowered due to alloying [14]. The amount of lattice distortion
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due to atomic size differences between nickel and the solute is given by the change in lattice
parameters due to alloying. It is found that the amount of lattice distortion and decrease of stacking
fault energy is greater when the separation between the groups for nickel and the solute in the
Periodic Table is greater. Therefore, solutes with large atomic diameters and from groups in the
Periodic Table that are well separated from nickel are more likely to strengthen the matrix [15].
2.3 Precipitation hardening
Precipitation hardenable alloys, such as nickel-base superalloys, are two phase materials, with a
precipitate phase formed within the solute rich matrix phase via heat treatment.The left side of
Figure 4 is a hypothetical phase diagram in terms of temperature and composition of solute for a
precipitation hardenable system. At temperatures above the solvus, only a single matrix phase is
stable. The matrix is denoted as γ for nickel-base superalloys. At temperatures below the solvus,
the precipitate phase denoted as γʹ for superalloy is also stable. The heat treatments necessary to
form the precipitate phase within the matrix phase are thus schematically shown by the right side
of Figure 4 in terms of temperature versus time. The material is first heat treated to a temperature
above the solvus followed by a rapid quench to room temperature. This forms a single matrix phase
with all elements in solution and is known as the solution treatment. The material is then heat
treated to temperatures below the solvus (followed again by quenching) to form the precipitate
phase within the matrix. This is known as the aging treatment. By varying the time and temperature
of the aging treatment, the kinetics of the precipitation reaction as well as the volume fraction of
precipitates can be changed. In precipitation hardened alloys, the precipitates increase the strength
or hardness of the material by inhibiting dislocation motion. The initially nucleated precipitate
microstructure is finely spaced, requiring dislocations to shear through the precipitates to move
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throughout the material. The critical stress stress required to shear the precipitates resists such
dislocation motion is determined by:
τc = Fc3/2 / b2lo√G → (1)
Fc = 2T lo 2 / λ2 → (2)
where, T is the line of tension and can be represented as 0.5 Gb2, b is the Burgers vector of the
dislocation line, G is the shear modulus, and lo is the average interparticle spacing. As the
precipitate volume fraction increases, this resistance to shearing also increases. As the precipitate
phase evolves with growth and coarsening, the size and spacing of the precipitates also increases.
Eventually the precipitates become so widely spaced that dislocations may bow around the
precipitates, rather than shearing through them. This process is known as Orowan looping, and
results in a decreased resistance to dislocation motion as precipitate spacing increases is
determined by:
τc ~ Gb / lo → (2)
The competing mechanisms of shearing and Orowan bowing result in a peaked behavior for the
strength or hardness of precipitation hardened materials, whereby aging times after the peak in
hardness are known as the over-aged regime [16].
2.4 Austinite Matrix (γ)
The nickel superalloys primary matrix consists of gamma (γ) which is FCC in nature provides
good ductility without phase transformation up to Tm. The nickel-aluminum system is the binary
basis for superalloy composition. As the level of aluminum/titanium added to γ-nickel increases,
a second precipitate phase forms [17].
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Figure 4: (a) Precipitation hardening treatment temperature increases with increasing volume
fraction of γ' and (b) Schematic phase diagram of L12 alloy composition suitable for γ' [18, 19]
2.5 γʹ phase
Al and Ti form the Ni3(Al,Ti) γ' intermetallic, which precipitates coherently as an ordered cubic
face-cantered (FCC) phase in the γ matrix. These precipitates contribute to strengthen the alloy at
high temperatures. The nominal composition is Ni3Al although it is usually designated Ni3(Al,Ti)
since as much as 65% of the aluminum can be replaced by titanium. During ageing after a solution
treatment [20], γ' nucleates initially as a coherent precipitate with its crystallographic orientation
identical to that of the γ matrix and develops as fine homogeneous particles with a spherical
morphology that grow and become cuboidal as coherency is lost. γ' can also form at grain
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boundaries and second phase particle interfaces during relatively high temperature ageing
treatments or during the partial solution treatment applied to some alloys [21]. Hence, the
precipitation and growth kinetics of the γ' phase are highly sensitive to the rate at which the alloy
is cooled through the solvus temperature. A unimodal distribution of fine γ' precipitates (300–500
nm) is typically associated with cooling rates in excess of ∼40 K/min, whereas slower cooling
rates tend to promote the formation of multiple populations of γˊ precipitates consisting of a
combination of large (>500 nm) and small (<50 nm) precipitates show casing a bi-modal
distribution. The presence of a high-volume fraction of the γˊ phase is key to strengthening. γ - γ',
these two phases remain as the major constituents of the superalloy microstructure, even with the
addition of six to ten additional elements [22]. Figure 5 (a) and (b) the γ phase forms the matrix in
which the γ' precipitates. Since both the phases have a cubic lattice with similar lattice parameters,
the γ' precipitates in a cube-cube orientation relationship with the γ. This means that its cell edges
are exactly parallel to corresponding edges of the γ phase. Furthermore, because their lattice
parameters are similar, the γ' is coherent with the γ when the precipitate size is small. Dislocations
in the γ nevertheless find it difficult to penetrate γ', partly because the γ' is an atomically ordered
phase. The order interferes with dislocation motion and hence strengthens the alloy.
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Figure 5: (a) Crystal structure of γ, and (b) γˊ.
2.6 Lattice Misfit of γ/γ' phase
The small misfit between the γ and γ' lattices is important for two reasons. Firstly, when combined
with the cube-cube orientation relationship, it ensures a low γ/γ' interfacial energy. The ordinary
mechanism of precipitate coarsening is driven entirely by the minimization of total interfacial
energy. A coherent or semi-coherent interface, therefore, makes the microstructure stable, a
property which is useful for elevated temperature applications. The magnitude and sign of the
misfit also influence the development of microstructure under the influence of stress at elevated
temperatures [23]. The misfit is said to be positive when the γ' has a larger lattice parameter than
γ. The misfit can be controlled by altering the chemical composition, particularly the aluminum to
titanium ratio. A negative misfit stimulates the formation of rafts of γ', essentially layers of the
phase in a direction normal to the applied stress. This can help reduce the creep rate if the
mechanism involves the climb of dislocations across the precipitate rafts. The coherent matrix
misfit is ±1%.
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Misfit (δ) = (ap – am)/ap

Where ap: lattice parameter of the precipitate and am: lattice parameter of the matrix [24] [25].
2.7 Shape of γʹ precipitates and influence of the lattice misfit parameter (δ)
Most studies in the literature claim that ideal shape of γ' precipitates for excellent creep properties
is “cuboidal”. However, γ' precipitates are not always in cuboidal forms. This shape of γ'
precipitates appears depending on appropriate alloying element additions and heat treatments
procedures [26]. Type and content of alloying elements and their atomic radius, site preference
and partitioning behaviours in the constituent phases directly affect shape of γ' precipitates and
also coarsening phenomenon which comes into prominence at later stages. For example, in case
of Ni-Al-Cr superalloys, the dominant precipitate shape is spherical or spheroidal, while in Ni-Al
superalloys precipitates exist in cuboidal shapes. This shape difference is originated from Cr effect
which causes γ' precipitates to become nearly lattice misfit free. On the other hand, cuboidal shaped
precipitates are the result of some degree of lattice misfit (i.e. δ = 0.3%) [27]. When lattice misfit
is high enough, cuboidal γ' precipitates coarsen into rafts or rods aligned parallel or perpendicular
to the applied stress direction depending on stress type (tensile or compressive) and lattice misfit
parameter, δ (positive or negative). Secondly, when nickel-based superalloy samples are quenched
from a certain temperature above solvus phase transformation to room temperature, spheroidal
shaped precipitates form and depending on aging temperature and times, precipitate shapes evolve
from spheroidal to cuboidal [28]. For shorter aging times, randomly distributed γ' precipitates have
spheroidal morphology. However, for longer aging times oriented γ' precipitates (along <001>
directions) appear in cuboidal morphology. As indicated in Eguation 2.1, lattice misfit parameter
(δ) depends on lattice parameters of γ and γ' phases and it is arised from the initial internal stresses
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associated with high degree of elastic anisotropy which causes spherical coherent precipitates turn
into cubes, doublets or octets of smaller size precipitates [29]. For low lattice misfit values,
precipitates have spheroidal shape which evolve into first cuboidal and then nearly rectangular
forms with increasing magnitude of lattice misfit. This shape evolution of γ' precipitates also
confirms the work of Fährmann et al. [30]. Similarly, precipitate shape evolution has been
determined from spherical to cuboidal, octodendritic or rod-like shapes in other studies as well
[31]. Morphological evolution of γ' precipitates can be explained as a competition between elastic
free energy and interfacial free energy between γ' precipitates and γ matrix phase. As γ' precipitates
grow in size, elastic free energy increases in a rate of r 3, whereas interfacial free energy raises as
r2 [32]. Thus, at later stages of precipitate growth, the elastic free energy becomes dominant over
interfacial free energy and causes shape evolution from sphere to cube and coarsening
phenomenon which is not beneficial for the mechanical properties of nickel-based superalloys.
Another feature of elastic free energy is that it acts as driving force for the precipitate alignment
occurring at the same time with morphological evolution [32, 33]. Despite the fact that coherency
stresses are the main factors for the shape evolution (i.e. when the elastic free energy and interfacial
free energy originating from lattice misfit are minimized, and elastic and diffusional interactions
between adjacent γ' precipitates control the spatial correlations, precipitate morphologies change,
morphological development of γ' precipitates is also diffusion-controlled. Coherency or low lattice
misfit between γ and γ' phases are the results of similar crystal structures and lattice parameters of
these phases. Cuboidal morphology of γ' precipitates depends on lattice parameter of γ matrix
phase regular over the structure which necessitates the alloy becomes chemically homogeneous
[33]. Even if cuboidal shape of γ' precipitates is accepted as the most ideal morphology,
determination of its degree is important. For this purpose, in the work of Sluytman and Pollock,
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shape parameter (η) has been defined and measured for the alloy compositions having precipitate
volume fractions ranging from 0.45 to 0.70 [34, 35]. In these studies, it has been concluded that
precipitates become cuboidal when 0.4 < η < 0.8 and creep resistance enhancement has been
attributed to the optimum value of η = 0.75. Another remarkable result obtained from is that there
is a relationship between shape parameter (η) and lattice misfit parameter (δ). When approximate
value of δ = 0.4% is obtained, shape parameter reaches its maximum value of η = 0.75 which is
correlated with better creep properties. For this reason, by considering these microstructural
parameters, design and development of high temperature nickel-based superalloys can be
attributed to alloying element additions and heat treatment procedures lead to optimum values of
η = 0.75 and δ = 0.4% .

Figure 6: Time-Temperature-Transformation curves (a) Conventional alloy 718, and (b) Alloy 718
plus [36, 37].
2.8 Carbides
In addition to the γ' precipitates, there are carbide phases which can be both beneficial and
detrimental to the mechanical properties. The strongest carbide formers in order of strength are Hf,
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Zr, Ti, Nb, Ta, V, Mo, W. Carbides with the chemical composition MC (M-metal = W, Ta, Ti,
Mo, Nb, Hf) are large blocky, globular particles, which are undesirable .

Figure 7: Structure characteristics of (top) wrought alloy, and (bottom) Cast alloy [17, 38].
These carbides usually form at high temperature from the liquid phase, and one main objective of
the subsequent heat treatment processes is to break down these carbides to form smaller more
desirable ones. MC carbide is usually found as coarse random cubic or script precipitates. Usually
forms during solidification, distributed heterogeneously. They have an FCC structure. The
chemical reaction, MC + γ → M23C6 + γ' → (4), occurs at lower temperatures during the heat
treatment process or during prolonged periods of service exposure . The resulting carbides, M23C6
(M = Cr, Mo, W) are grain boundary particles which enhance creep rupture strength. M 23C6 prefers
grain boundaries; usually found as irregular blocky particles (plates and regular geometries have
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been observed). M23C6 profuse in alloys with moderate/high chromium content. They form at
lower temperatures (760-980°C) from decomposition of MC carbides and carbon solute in the
matrix. Can increase rupture strength by inhibition of grain boundary sliding Other carbides form
from a similar decomposition, MC + γ → M6C + γ' → (5), where M6C (M = Mo, W) are small
platelets residing within the grains or as blocky particles in grain boundaries, these decrease
ductility and stress rupture properties, but are useful for grain control. M 6C is present in blocky
form at grain boundaries, more rarely in a Widmanstätten pattern and form at 815-980°C. Carbides
of the form M7C3 (M = Cr) are discrete particles. The above mentioned carbides have an FCC
crystal structure and in general, ones that form on the grain boundary are beneficial, reducing grain
boundary sliding, improving creep and fatigue crack growth resistance [39].

Figure 8: A superimposed electron diffraction pattern from γ, γ' and M23C6 carbide [40].
2.8.1 Borides and TCP phases:
At high service temperatures of nickel-based superalloys, i.e. > 850 oC, localized supersaturation
of some refractory alloying elements, such as Cr, Mo, Re, Ta and W may start precipitation of
topologically closed packed (TCP) phases as a result of atomic size difference in constituent
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alloying elements [24, 41-43]. TCP phases are very harmful for mechanical properties since these
phases deplete solid solution strengtheners from γ matrix phase, serve as crack initiation sites due
to their complex lath- or plate-like shapes (Figure 2.6) and cause void formation at elevated
temperatures [24, 41-43]. Re atoms, as compared to other refractory element atoms, are more
effective to initiate TCP phase formation. During solidification, TCP phases preferentially
precipitate in dendrite cores (rich with Re concentration) [44, 45]. In interdendritic regions,
precipitation of TCP phases occurs at later stages. Despite the full solution heat treatment steps,
these detrimental phases continue to exist in the microstructures due to low diffusivity of TCP
former elements (especially Re) [41]. However, there are also some alloying elements, such as Ir,
Pt and Ru which inhibit precipitation rates of TCP phases. Most particularly, Ru atoms have been
proven to influence both nucleation and growth rates of TCP phases, while affecting the interface
energy between TCP/γ phases [41,43]. When certain amounts of Ru atoms are added into nickelbased superalloys, solubility of TCP former elements within γ matrix phase increases, degree of
supersaturation behaviour of Re atoms in dendrite cores reduces and partitioning behaviours of
TCP former elements may be reversed (i.e. Cr, Mo, Re and W atoms participate into γ' precipitates
instead of γ matrix phase) [41,43,44].
Elements such as Cr, or Mo can also combine with B to form borides. These phases reside along
grain boundaries. Undesirable brittle phases which tie up γ and γ' strengthening elements can form
in alloys containing transition metals, i.e. Ta, Nb, Cr, W, Mo. These phases are most likely to form
topologically close-packed phases (TCP) such as σ, μ or laves. The σ phase has a chemical
composition of (Cr, Mo)x(Ni,Co)y, which is hard and plate-like in nature. The μ phase has a similar
composition to σ phase with a majority of Mo and Co. Laves have a chemical composition, AB 2,
such as MoCo2 and TaCo2. These phases reduce creep strength and act as crack initiators [46]
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2.9 Heat treatment
2.9.1 Solution heat treatment
A solution heat treatment is usally applied to homogenize the compositional microsegragation that
exists between dendrite cores and interdendritic areas. Fine γ' precipitates due to the rapid cooling
of the LMD part following solidification; γ/γ' eutectic forms in the last stage of solidification in
the interdendritic regions and dissolution of these eutectics lead to achieving optimum mechanical
properties.
2.9.2 Solvus temperature
In nickel-based superalloys whose operating temperatures are about 1000 oC, phase stability of
high volume fraction γ' precipitates is essential. Therefore, γ' solvus temperatures of alloy systems
should be high enough to prevent precipitate dissolution in γ matrix phase [51]. According to Hong
et al. [65], γ' solvus temperature is determined as the average of T f (finishing temperature of γ'
dissolution upon heating) and Ts (starting temperature of γ' precipitation upon cooling).
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Figure 9: Schematic of typical heat treatment stages for a Nickel-based superalloy [5].
Similarly, as indicated in differential scanning calorimetry (DSC) measurements of the work of
[66], γ' solvus temperature refers to minimum of endothermic peak during heating and onset
temperature of exothermic peak during cooling. It is assumed that γ' precipitation occurs at a
certain amount of undercooling (ΔT) below γ' solvus temperature [67]. Hence, determination of γ'
solvus temperature will also lead to appropriate solution heat treatment temperatures at which all
existing γ' precipitates in the single γ matrix phase are dissolved prior to subsequent aging heat
treatments. Solution heat treatment temperatures should be selected just above solvus and below
solidus temperatures to reduce the risk of incipient melting [48]. Better mechanical properties (i.e.
creep resistance) are related with solvus temperature levels since lower γ' solvus temperatures
generally yield worse creep resistance. Alloying elements, such as Ta and Ti are known to increase
γ' solvus temperatures [1, 35].
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2.9.3 Aging
During aging temperature and time will control the coarsening of the γ' and decompose carbides.
The aging heat treatment is performed at lower temperatures between 700 to 900°C for a
maximum time of 32 h [17]. The objective of it is to precipitate additional hardening phase.
Depending on the aging time fine or coarse γ' is precipitated at these lower temperatures resulting
in a unimodal or bimodal particle size distribution.
2.10 Fabrication techniques
2.10.1 Casting
Investment casting is the conventional method for manufacturing superalloy parts. Depending on
the desired output microstructure, the complexity of manufacturing intensifies from equiaxed to
columnar to single crystal structures. To obtain equiaxed structure molten metal is poured into a
ceramic mold under vacuum environment to prevent oxygen and nitrogen reaction with the melt.
The metal solidifies from the edge to the middle of the mold forming equiaxed structure. Shrinkage
pores during pouring could form, however, controlled feed of molten liquid into the mold during
solidification limits the possibility of defects. Bridgeman technique is used to develop directionally
solidified and single crystal structures. Columnar grains form during directional solidification by
controlling the withdrawal rate of the mold and grains grown along the direction of withdrawal at
few cm/h. To develop structures for directional solidification and single crystals the crucible
should be withdrawn at a constant rate as the product of the withdrawing velocity and temperature
gradient gives the cooling rate.
2.10.2 Welding
Gas tungsten arc welding is a conventional welding technique widely used in the aerospace
industry as repair for polycrystalline Ni based superalloys.
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2.10.3 AM processes
Table 2: List of AM PROCESS AS PER additive manufacturing technology standards
AMTS.
Process Type

Materials

Brief Description

Related
Technologies
Directed
Metals
Focused thermal energy Laser
Metal
Energy
(powders/Wire) is used to melt the metal Deposition (LMD)
Deposition
power/wire
as
the
material is deposited.
Powder Bed Metals,
Heat sourse selectively Electron
beam
fusion
polymers
metallurgical
bonds melting
(EBM),
regions of a powder bed selective
laser
sintering
(SLS),
selective
heat
sintering (SHS), and
direct metal laser
sintering (DMLS)
Material
Polymers
Material is selectively Fused
deposition
Extrusion
extruded through a modeling (FDM)
nozzle or orifice
Vat
Photo- Photopolymers Liquid photopolymer in Stereolithography
polymerization
a vat in selectively (SLA), digital light
cured by light-activated processing (DLP)
polymerization
Binder Jetting Polymers,
A liquid bonding agent Powder bed and
Foundary Sand, is deposited to join inkjet head (PHIB),
Metals
powder particles.
plaster-based
3D
printing(PP)
Material
Polymers,
Droplets
of
build Multi-jet modeling
Jetting
Waxes
material are deposited
(MJM)
Sheet
Lamination

Paper, metals

Sheets of material are Laminated
object
combined to form an manufacturing
part
(LOM), ultrasonic
consolidation

There are numerous Am processes that has a similar working principle of layer-wise material
consolidation. However, the difference is in the energy source, operating environment, processing
method, viable materials and the mechanism of metallurgical coalescence. In the current literature
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study LMD technique is used to process was used to develop Inconel 718 superalloy. By
controlling the laser scanning velocity and ensuring the heat flow direction of 45° to the substrate,
clad with highly textured directionally solidified structure has been successfully deposited on
polycrystalline substrate. A high thermal gradient at the solid/liquid interface and low
solidification velocity are the necessary conditions for epitaxial growth, and it is achieved during
LMD process [47]. Inconel 625 another Ni based superalloy samples were successfully deposited
using direct laser deposition technique with no defects. The as-deposited microstructure consisted
of columnar dendrites growing epitaxially from the substrate. It was also observed that the grain
growth direction changed along the laser scanning direction. The results also revealed that
directionally solidified components can be fabricated or repaired by LMD when appropriate
processing strategy is used, especially laser scanning direction [48].
In selective laser melting (SLM), a laser beam irradiates metal powders, which then form a micro
melt pool, leading to a high cooling rate (103 to 108 K/s). Avery strong texture is observed in the
SLM sample. In the SLM process, thermal gradient is generated from the top layer to the substrate,
or the solidified layer and the grain, and tends to grow along the heat flow direction. The
preferential growth direction of Ni625 superalloy is <100> [49]. Therefore, the <100> direction
becomes the major growth direction of the grains after several layers. The laser scanning strategy
has a significant influence on the texture of the as-SLM fabricated parts. The bidirectional scanning
strategy greatly reduces the texture degree, and forms a weak cubic texture. SLM was used to
consolidate Inconel 718 a Ni-based superalloy which primarily composed of the [200] textured γ''
Ni3Nb precipitate columns [50]. Epitaxial behavior obtained during processing of Waspalloy using
SLM [51].
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Electron beam melting (EBM) was used to process Rene 80, Inconel 718 and Rene 142 Ni based
superalloys. During EBM fabrication of Inconel 718 recently noted that the Al/Nb elemental
composition ratio determines the eutectic phase in Ni-base superalloys: a low ratio produces γ'',
while a ratio from 2 to 1 favors γ', even forming gamma–gamma prime/gamma double prime dual
superlattice microstructures in specific cases. γ'' (Ni3Nb) disk-like precipitates coincident with the
NiCr (fcc) cube planes in EBM-fabricated Inconel 718 was observed by Strondl et al [52].
Dendritic structures oriented in the [001] direction, having [100] and [010] branches were observed
during processing of IN738 by EBM in which epitaxial deposition was observed.
2.11 Defect formation
Solidification cracking is also known as weld-centerline cracking and falls within the super-set of
“hot cracking” as it occurs immediately upon welding. A classical representation of solidification
cracking is reproduced in Figure 10. The newly deposited weld metal is solidifying inwards from
the edges of the weld pool, and the last part to solidify is the mushy-zone. The liquid film present
here is pulled apart by the tensile stresses generated due to solidification shrinkage, forming a
crack in the middle of the weld fusion zone Grain boundary strengthening elements such as C, B,
and Zr increase susceptibility to solidification cracking since these elements segregate to the interdendritic regions upon melting, and form the low melting-point liquid film. P and S have the same
effect and must be kept to lowest-possible levels since they provide no benefit to the alloy. As a
general rule, alloying additions that widen the solidification range will promote solidification
cracking.
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Figure 10: Illustration of Solidification Cracking mechanism in welds [24].
Precipitation strengthened nickel-based superalloys with large volume of γ' suffer from relatively
poor cast ability and claddability, an issue which includes solidification cracking or hot tearing,
strain age cracking or ductility dip cracking and liquation cracking [6]. Solidification cracking
arises due to extensive opening that forms during solidification in the mushy zone (solidifying
melt pool). Mushy zones are where the transverse shear strength is very low in an alloy and liquid
feeding is difficult. When dendrites form during rapid solidification, they restrict the flow of the
remaining liquid into the interdendritic regions. Under the influence of solidification stresses, the
liquid in the interdendritic regions are points of crack initiation. Rappaz et al. [53] showed
intragranular coalescence takes place at low solid fraction while intergranular coalescence occurs
when the fraction solid approaches 0.94 to 1. This coalescence between two different grains under
the condition of no interdendritic liquid being present depends on the degree of undercooling.
Undercooling (ΔTb) is the work of grain boundary energy (γgb) depending on misorientation
between two grains, entropy of fusion (ΔS f), solid/liquid interfacial energy (γsf), and the liquid
film thickness (δ) which is given by ΔTb = (γgb - γsf )/ΔSf ((1 )/δ). Henceforth, by increasing the
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misorientation angle between two grains liquation tendency increases with an increase in grain
boundary energy [54].

Figure 11: Weldability assessment chart considering the effect of Cr and Co [55].
Xu et al. displayed the formation of grain boundary phases, which were unable to dissolve fully
into the surrounding matrix that leads to the partial dissolution leading to low melting point γ- γ'
eutectics. Eutectics formed during the last stage of solidification with an increase in its size during
selective laser melting at different conditions of preheating the substrate. This results in an increase
in grain size resulting in low ductility and segregation of low melting point elements in the grain
boundaries. The formation of γ-γ' eutectics is known to be detrimental and causes liquation
cracking [16, 17]. Liquation cracking is mostly observed in regions away from the melt pool where
the overall liquidus of material is low due to rapid heating of the deposits. The susceptibility of
cracking in nickel-based superalloys during welding is often based on the quantity of Al and Ti
content present. If the Al and Ti content is more than 4 wt. %, an alloy is said to be non-weldable.
Chauvet et al. showed the presence of borides enrichment during the last stage of solidification
forming low melting boron-rich liquid films leading to liquation cracking during processing of IN
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738 using electron beam melting process [56]. The formation of γ' and grain boundary γ' phase is
known to increase the strength in nickel-based superalloy by retardation of dislocation motion.
However, extensive precipitation of γ' within seconds causes strain age cracking, while continuous
thermal excursion hardens the alloy eventually shifting the strains during solidification to the grain
boundaries. In high cooling rate processes due to repeated heating of the deposit after subsequent
layers leave the bulk material as a potential candidate to form cracks. Moreover, during stress
relaxation within the aging temperature occurs slowly while the rate of γ' precipitation kinetics is
very fast. During this activity the materials strength increases whereas ductility drops. An addition
of the remaining residual stress and stress generated from the precipitation of γ' phase from solid
solution results in strains that surpass the limited ductility of the material. Ductility dip cracking
DDC is a kind of solid-state cracking which has a very broad definition. Three prevailing theories
have been proposed to explain the mechanism of DDC, namely, GB sliding, precipitation-induced
cracking and embrittlement caused by impurity element. In the field of welding, Hemsworth et al.
classified the cracks occurring at elevated temperature into segregation crack and DDC [57].
According to this classification, cracks induced by intergranular liquid such as solidification crack
and liquation crack belong to segregation crack, otherwise, the ductility-dip induced solid-state
cracks belong to DDC [58]. Broadly speaking, strain-age cracking (SAC), which is generally
induced by the precipitation of hardening particles during post weld heat treatment (PWHT), can
be included in DDC [59]. This standpoint is even more reasonable for the AM of precipitate
hardening superalloys. Because AM is essentially similar to a PWHT due to the layer-by-layer
manufacturing character, and the precipitation-induced cracking itself is one of the mechanisms of
DDC.
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2.12 Calculation of phase diagrams CALPHAD
Computer aided thermodynamic phase diagram calculations (CALPHAD) have been recently
used, to predict phase stability in multi-component systems, including Ni-base superalloys. Two
main CALPHAD models are the substitutional and the multiple sublattice models. These models
predict the properties of higher-order systems 25 from lower-component systems, assuming that
higher order interactions are small in comparison to those that arise from the binary terms. Both
of these models are broadly represented by the equation below, where ΔG° is the free energy of
the phase in its pure form, ΔGideal is the ideal mixing term corresponding to entropy, and ΔGxs is
the excess free energy of mixing of components.
Gφ = G0 + Gideal + Gxs
Once the thermodynamics of the phases are defined, the phase equilibria can be calculated by using
Gibbs free energy minimizing routines for the multicomponent system, where n i is the number of
moles and Gi is the Gibbs energy of phase i.
G = ∑𝑛𝑖=𝑙 𝑛𝑖 𝐺

𝜑
= minimum
𝑖

When the minimum Gibbs energy at a given state is achieved, chemical potential, μn, of each
component, n, is the same in all phases and are related to the Gibbs energy by the equation below.
G = ∑𝑛𝑖=𝑙 𝜇𝑖 𝑥𝑖
Thermodynamic/mathematical CALPHAD models require the use of coefficients that uniquely
describe the properties of the various phases in a Ni-based superalloy. Coefficients for multicomponent systems are kept in databases which are proprietary or based on open literature, and
are accessed by software packages such as Thermo-Calc or JMatPro.
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In order to understand the effect of partition co-efficient and segregation behavior during rapid
solidification Scheil simulation is employed. Scheil equation, which describes the composition of
the solid and liquid during solidification, as a function of the fraction solidified. Work through the
animation to see how the conditions required to derive the Scheil equation are obtained. The Scheil
module and Ni database of the Thermo-Calc software [60] was used to predict the non-equilibrium
solidification range of the alloys in the current study. The Scheil module is an implementation of
the Scheil–Gulliver model,[61, 62] which assumes that diffusion occurs infinitely fast within the
liquid phase and that there is no diffusion in the solid phases that form. The analytical Scheil
equation is commonly derived for an idealized system in which the liquidus and solidus are linear
with respect to composition. If this is true, then Cs/Cl = k, where Cs is the composition of the solid
and Cs is the composition of the liquid at a given temperature. When an incremental amount of
solid (dfs) forms, then Cs dfs solute transfers from the liquid to the solid. As a result, the incremental
change in the liquid composition is given by:
Cs/l = k C0 ( 1 - fs )k-1 → (6)
Experimental partition co-efficient during elemental build ups in the dendritic solid and
interdendritic liquid result in material segregation. The degree of segregation in a material is,
typically, measured with the use of elemental partitioning coefficients (kE). The partitioning
coefficient for a given element (x) is expressed as the ratio of interdendritic to dendritic
composition; as seen below.
kE = Ccore/ Cinter
A partitioning coefficient (kE) value of one indicates that no partitioning is present for a given
element. More succinctly, an equal amount of the element was measured in both the dendrite core
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and the interdendritic region, exhibiting no preference or “segregation” during solidification. The
ratio also allows the direction of segregation to be determined. Partitioning coefficients (kE) less
than unity, indicate that an element partitions to the interdendritic region. Solutes with partitioning
coefficients greater than unity segregate to the dendrite core.
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Chapter 3 Experimental Procedure
Laser metal deposition (LMD) process starts with creating a CAD model. The CAD model is
imported as an STL file into a software in which the scanning raster and build height is specified
and an output tool path is obtained. Typically, the build height is 1/3rd or 1/4th of the laser beam
diameter. A 6-axis robot (ABB IRB 1410 M2004) is used to navigate the tool path of the laser
deposition, which is controlled by a robot controller (IRC 5 M-2004). The coaxial nozzle is
mounted to the robot, and a 1.2 KW diode laser (LDM 1200-40) is used as a source of heat
generation. The laser beam used in this study has a circular spot size of 2 mm diameter. Inert gas
(Ar) is used as a medium to transport the metal powder and provides a protective environment to
prevent oxidation. The metal powder is delivered such that the powder stream converges at the
same point with the focused laser beam as schematically shown in figure 12.

Figure 12: Laser metal deposition (LMD) equipment developed at Wayne State University. (a)
Individual components of LMD system as shown in the figure, (b) image of the LMD process in
action, and (c) the schematics of LMD process.
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3.1 Design of experiment (DOE)
DOE is good tool to optimize the process parameters with less number of experiments, as the
experiments were performed it was realized that one DOE is not good enough to predict the defect
free optimizing parameters. Hence various experiments were performed using L9 array of Taguchi
method. Coupons of 20x20 mm were made at least 3 mm high and then inspected visually to check
quality of deposit. Once the eye inspection is passed, coupon is cut exactly in half and mounting
is done for further inspection under optical microscope to check the porosity. In this way all
samples are processed and inspected untill we get the defect free sample with optimised defect free
parameter. The detailed strategy for optimising the Ni based LMD parameters is shown in figure
13. Firstly an estimated parameters window is chosen from the literature survey and then
parameters are varied between ±50% from the center of parameter window. The processing
parameters of the second design of experiments (DOE-2) were conducted within ± 25% from the
best parameters found from the results of DOE-1. Subsequently, DOE-3 narrowed down the
processing parameters, which varied within ± 10% from the optimized parameters of DOE-2.

Figure 13: DOE strategy applied to parameters for defect free deposition.
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3.2 Material characterization
3.2.1 Hot mounting
The clean and dry specimen is placed in a mounting cylinder of the hot mounting press as shown
in figure 14, and the appropriate amount of conductive phenolic (Bakelite) is added. Certain
temperature and pressure is maintained for 5-15 mins and then allowed to cool down for another
5-10 mins. These particular mounts are preferred for Scanning Electron Microscopy as this
conductive specimen provide good edge retention [19].

Figure 14: Metallographic sample preparation schematic from the tensile test specimen
3.2.2 Cold mounting
In this technique, a specimen is placed in the mold cap and the resin then poured in the cup. Resin
is prepared using a certain proportion of two components one is resin and another is hardener. The
proportion of two components measured based on weight, then it is left for a few hours to cure.
Cold mounted samples in this investigation were used for hardness measurement.
Samples prepared by hot mounting and cold mounting techniques were polished initially using
180, 320, 600, 800, and 1200 grit sandpapers and to get mirror finish surface cloth polish with
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colloidal silica was performed. Samples were then checked under optical microscope for defects.
These samples were etched using 12 ml H3 PO4 (85% aqueous) + 36 ml HNO3 (68-70% purity) +
48 ml H2 SO4 (95-98% purity) for microstructure analysis in Scanning Electron Microscope.
3.3 Heat treatment
In order to relieve the residual stresses and enable precipitation of the strengthening phases, the
LMD fabricated samples are subjected to commercially available heat treatment procedures and
several design of experiments were conducted to optimize the heat treatment cycles which will
discussed further in relevant chapter.

Figure 15: OTF1200 X tube furnace for heat treatment
3.4 SEM and EDS
Scanning Electron Microscope (SEM) is an electron microscope which uses a focused high energy
electron beam to scan the surface of a specimen. These electrons interact with the atoms in the
lattice structure of the specimen and generate signals which have surface topology information.
These signals can provide information about the chemical composition, crystalline structure, the
orientation of lattice and morphology of specimen.

40

Energy dispersive X-ray spectroscopy (EDS) is used to identify and quantify the elemental
composition of the specimen. In SEM, exciting surface atoms due to electron beam emit a specific
wavelength of X-rays which have atomic structure characteristic.
In this study, JOEL-7600 FE SEM type of scanning electron microscope is used to study the
microstructure and phases formed in the material during heat treatments as shown in figure 16.

Figure 16: JOEL- 7600 FE scanning electron microscope.

3.5 X-Ray Diffraction
The X-Ray diffraction is used to identify and determine the structure of a crystal. It can determine
crystal which exists in the sample and can identify the proportion of it within the sample. This
technique to detect the structure of crystal has been used for the last century. It is based on Bragg’s
law of diffraction that is an angle of incidence is equal to the angle of scattering. A crystalline
sample is placed and X-rays beam is point towards the sample, it diffracts through a crystal and
collected in a detector. The beam and detector can rotate through the range of angles which defines
the planes of the crystal [20]. In this study, all samples were observed using Bruker Phaser II as
shown in figure 17. It uses CuK_α radiation. The samples are investigated at 30° to 100° in θ-2θ
geometry with an increment of a 0.02°.
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Figure 17: Brucker D2 X-ray diffraction equipment.
3.6 Microhardness
Vickers hardness test is by applying 500g of force for 10 seconds with diamond indentor of square
based pyramid. Using manual tool in the software, the resulting indentation diagonals was
measured.

Figure 18: Wilson Vickers micro-hardness testing instrument.
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3.7 Tension test
The tensile test helps to determine material mechanical property such as ultimate tensile strength,
yield point, modulus of elasticity, yield strength, and elongation. Tensile testing was conducted
using a universal tensile testing machine (MTS 810). The test was performed according to ASTM
E8 standard

Figure 19: Universal tensile testing machine (MTS 810).
3.8 CALPHAD – based solidification models
To approximate the scale of microsegregation during solidification of a Ni-based alloy, the ScheilGulliver model is implemented. The model is used for multicomponent materials, if a
thermodynamic data for the multicomponent alloy is available. The model assumes ideal mixing
in liquid and no diffusion in the solid phase. These conditions are uncertain in nature, henceforth,
the result is a theoretical boundary with less segregation expected during the actual solidification
process than the Scheil-Gulliver model predicts, since finite diffusion in both the liquid and solid
phases will contribute to mass redistribution.
For the prediction of segregation simulation in the current study, the commercial thermodynamic
database TCNI8 is used [63, 64]. DICTRA [60] was used to predict microsegregation outcome
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such as, effect of diffusion in liquid and solid during solidification. Local equilibrium is assumed
at the interface between phases, in this case liquid and γ, and flux-balance is maintained for each
element. Solutions to the diffusion equation and the assumption of local equilibrium at the phase
interface are used to determine the tie-line that satisfies flux-balance. Dendrite tip diffusion is not
incorporated as the simulations are one dimensional in nature.
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Chapter 4: LMD of Haynes 282 (HY282) low- γʹ superalloy
Haynes 282 (HY282) alloy is a nickel-based precipitation hardenable superalloy strengthened
mainly by γʹ [Ni3(Al,Ti)] with Al and Ti being prime elements forming γʹ [1, 2]. Addition of
refractory metals similar to cobalt, chromium, and molybdenum provides solid solution hardening.
The γʹ solvus stability is due to the addition of Co, Cr provides resistance to both oxidation and
hot corrosion, and Mo a relatively huge and static atom improves solid solution strength and
provides excellent creep strength of HY282. Mo and Ti aid in forming various forms of carbides
(MC, M6C, and M23C6) precipitate that rely on the aging temperature and time [1].

Figure 20: Generic laser metal deposition process steps: (a) CAD model, (b) Tool path generation,
(c) Tool path data transfer to machine controller, (d) Machine setup, (e) Build, (f) Post process, (g)
as-deposit block.
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In the present investigation, a process-structure-property relationship of HY282 superalloy is
revealed. The HY282 coupons were additively manufactured using LMD. The recommended heat
treatment for HY282 is carried out with solution annealing between 1121 and 1149 °C followed
by a two-step aging treatment at 1010 °C for 2h followed by air cooling (AC) and 788 °C for 8h
followed by AC. During solution annealing, the solute atoms (Al, Ti, Cr, Mo, etc.), is dissolved
into the solution forming a supersaturated solid solution of face-centered cubic γ matrix. During
aging, chemical reactions, atom diffusion, and precipitation of primary γʹ phase and the secondary
carbides, borides and topologically closed packed structures are formed when allowed enough time
and temperature. The influence of microstructural morphology of the as-deposited and heat-treated
LMD specimens and its impact on room temperature tensile properties is determined. Precipitation
kinetics of γʹ and the carbide phases are determined by CALPHAD simulation and experimental
results.
4.1 Materials and method
Commercially available, gas atomized HY282 powder (Praxair Inc.) was used for this study. The
powder has a composition of 57.34 Ni, 19.8 Cr, 10.2 Co, 8.8 Mo, 2.1 Ti, 1.5 Al, 0.2 Ta, 0.06 C,
and 0.006 B in wt.% with a powder size distribution of 45 – 150 μm in diameter. The substrate
was a 1020 steel rolled plate with dimensions of 150 mm  100 mm  12.7 mm. During the LMD
process, the microstructure and mechanical properties are influenced by the laser power, powder
feed rate, and laser scanning speed. In the current study, laser power (750 W), powder feed rate
(16.6 gm/min), scan speed (12 mm/s), bead offset (1 mm), rotation between successive layers
(90°), and layer thickness of 0.6 mm was employed to fabricate a block of 100 mm × 15 mm × 25
mm, as shown in figure 20. The resulting energy density E = (laser power)/(beam diameter × scan
speed × layer thickness) for the combination of the parameter was 52 J/mm3 with a deposition rate
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of 1.58 in3/h. The purpose of rotating the scan direction by 90° between successive layers was to
ensure some level of isotropy in the produced block and furthermore to reduce porosity.
Table 3: Heat treatment cycle.

Sample Name
As-Deposited
Heat
Treatment-1
Heat
Treatment-2
Heat
Treatment-3

AsDeposited

Solution Treated

First Aging Cycle

Second Aging Cycle



-

-

-



(1135°C/2hr/WQ) (1010 °C/2hr/AC)

(788 °C/2,4,8,16hr/AC)



-

(1010 °C/2hr/AC)

(788 °C/2,4,8,16hr/AC)



-

-

(788 °C/2,4,8,16,24hr/AC)

The deposit was made using an LMD system developed at Wayne State University [65]. A 2 KW
diode laser unit (LDM 2000-40) with a laser beam diameter of 2 mm was used in this experiment
and the tool path is navigated by an ABB 1410 6-axis robot. To prevent the oxidation, argon gas
was used as a shielding gas as well as the powder carrier gas. To study the thermal response of the
as-deposited structure, samples were heat-treated in a tube furnace (OTF-1200X) with the heat
treatment cycles as listed in Table 3. Microstructural analyses on mirror polished (along the
transverse and build direction) and etched (12 ml H3PO4 (85 % aqueous) + 36 ml HNO3 (68 – 70
% purity) + 48 ml H2SO4 (95 – 98 % purity)) as-deposited and heat-treated samples were
conducted using scanning electron microscopy (JOEL-7600 FE SEM) with compositional analysis
determined using energy dispersive X-ray spectroscopy (EDS). The hardness of the sample was
measured using a Vickers microhardness tester (Instron 9100 microhardness tester) using a 500
gm load for a dwell time of 10 s. The final hardness value was calculated by averaging the data
from five or more indentations. Uniaxial tensile tests were performed according to ASTM E8
standard with flat specimens of 25 mm gauge length, 6.35 mm width, and 1.5 mm thickness. A
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universal tensile testing machine (MTS 810) was used and the tests were conducted under
displacement control mode with a rate of 0.02 mm/s, which corresponds to a strain rate of 0.0008
s-1. The lattice parameter and the crystal structure of the as-received powder, as-deposited, and
heat-treated samples were examined using X-ray diffraction (Bruker Phaser II) by Cu Kα radiation.
The samples were inspected in the standard −2 geometry from 30° to 100° with a 0.02° step
size. Mean precipitate sizes and distributions were calculated using ImageJ software. Solidification
sequence and segregation behavior during LMD of HY282 alloy were determined by nonequilibrium Scheil solidification simulation performed using Thermo-Calc [66] Ni-based
superalloys database version 8.0 (TCNI8). Precipitation kinetics simulation was conducted using
the PRISMA V.4.0 precipitation module considering the interfacial energy of 0.012 J/m2 and the
result was verified with the experimental values.
4.2 Results and discussion
4.2.1 Thermodynamic Calculations
Figure 21 shows the simulated equilibrium phase diagram of HY282. The γ, γʹ, MC, M6C, M23C6,
and M3B2 are the phases considered during equilibrium and Scheil calculations. The liquidus and
solidus temperatures were predicted at 1348 °C and 1259 °C during equilibrium calculations as
shown in figure 21a. M(Ti,Mo)C is present between 1259 °C to 987 °C and M3(Mo)B2 is predicted
to be a stable phase present between 1195 °C to 500 °C.
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Figure 21: Calculated equilibrium volume fraction of phases, (b) Solidification path of HY282
based on equilibrium and Scheil–Gulliver (non-equilibrium) assumption, (c) Elemental
segregation from the center of a dendrite to the interdendritic region corresponding to the start to
end of solidification, and (d) Isothermal transformation curves of γ, γʹ, MC, M 6C, and M23C6
phases.
The γʹ is predicted to precipitate at 997 °C and formed 17.5% γʹ at 788 °C. As the temperature
decreases, the amount of γʹ phase increases to 19.5 % at 500 °C. One should notice the presence
of Cr and Mo-rich M23C6 and Mo-rich M6C carbides that form in the temperature range of 993 °C
to 780 °C and 888 °C to 500 °C, respectively. Figure 21a shows the equilibrium and non-
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equilibrium Scheil solidification simulation. Scheil simulation assumes no diffusion in solid state
and infinite diffusion in liquid. The difference between the liquidus and the solidus temperatures
is the solidification range. Due to micro-segregations because of the very high cooling rate of the
LMD process, a larger solidification range is estimated by the Scheil model: ~ 418 °C whereas
172 °C was estimated under an equilibrium condition. Scheil simulation predicts a solidification
sequence with the onset of γ, followed by formation of MC carbide, M 3B2 boride, γʹ, and M6C to
form and finally, solidification is complete when the fraction solid equals to one as shown in figure
2b. From Scheil simulation it can be concluded that M3B2 boride, γʹ, and M6C are non-equilibrium
phases that were developed by the micro-segregation of solute elements during solidification.
Figure 21c shows the calculated segregation pattern of the elemental composition comprising γ as
a function of solid transformed. During the formation of γ dendrite, Ni, Cr, Al, and Co have a
uniform distribution. Whereas Ti and Mo segregate heavily as the fraction solid approaches unity,
it enriches the outer boundaries of the dendrite and the interdendritic regions. Figure 21d shows
the isothermal transformation curve of HY282 which shows MC, M23C6, and M6C being stable
phase above the γʹ solvus temperature. The above calculations will help in interpreting the
microstructural development during LMD and post-deposition heat treatment.
4.2.2 Microhardness distribution
Figure 22 shows the microhardness of the as-deposited and heat-treated samples after different
heat treatment conditions. The as-deposited sample has an average hardness of 292 HV whereas
243 HV was reported in the as-cast condition [67]. Due to the high cooling rate of the LMD
process, the number of dendrites that begin to grow increases quickly and at the same time is bound
to be restricted by other dendrites thus forming smaller grains.
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Figure 22: Vickers microhardness plots of different heat-treated samples.
Moreover, the observation of γʹ in the interdendritic regions due to micro-segregation could also
contribute to the increase of hardness in the as-deposited sample. The hardness plot of heat
treatment-1 shown in figure 22 was solution annealed at 1135 °C for 2h followed by water
quenching. It was further age-hardened at 1010 °C for 2h and air-cooled proceeded by a second
aging step of four samples for 2, 4, 8, and 16h. The hardness increased from 292 HV from the asdeposited condition to 344 HV after heat treatment-1. In heat treatment-2 first step aging and
second step aging is performed without the solution annealing step. The hardness value increased
to 353 HV and 380 HV after 2h and 4h at the second aging cycle and remained consistent at 380
HV at 8 and 16h. Heat treatment-3 underwent only the second aging cycle at 788 °C for 2, 4, 8,
16, and 24h. At 2h the hardness value was 377 HV, which is similar to the values obtained in the
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heat treatment-2 at 8h and 16h. The hardness values sequentially increased to 410 HV at 16h and
remained almost the same at 24h. To understand the microstructural evolution during heat
treatment-3 at 2, 4, 8, and 16h a detailed microstructural study was conducted. The yield stress is
approximated as σy = HV*2.18 for HY282.
4.2.3 As-deposited Microstructure
Figure 23a shows the longitudinal cross-section of the as-deposited HY282 with the preferred
[001] growth direction of columnar γ dendrites. The deposit was free from relevant processing
defects such as pores, lack of fusion, and cracks. The energy density was high enough for melting
incoming powder particles and partially remelts the previously deposited layer such that no defect
formed during deposition. Note that the composition of the as-deposited specimen found to be
57.60 Ni, 19.36 Cr, 10.15 Co, 9.1 Mo, 2.17 Ti, 1.42 Al, 0.2 Ta in wt.% according to EDS
analysis, which is very close to the composition of the as-received powder. Epitaxial growth of
columnar dendrites was observed due to the governing thermal gradient from the partially remelted
dendrites or grains from the previous layer or the substrate that acted as the nuclei for directional
grain growth. The deposit had an average primary dendrite arm spacing of 10 μm with a secondary
dendrite arm spacing (SDAS) of 3.1 μm. The SDAS during casting was reported to be between
46-55 μm. Henceforth, the microstructure obtained during LMD was about 15 times finer than the
as-cast structure. The SDAS is dependent on the cooling rate by the following equation λs = kAn,
where A is the cooling rate, and k and n are the material constants [68]. The value of k = 4.7 × 102 mmK1/3s-1/3

and n= -0.4 for nickel-based superalloy are set for calculation and the cooling rate in

HY282 was determined to be 895 K/s.
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Figure 23: SEM micrograph of the as-deposited HY282 showing columnar dendritic growth, (b)
SEM image along the build direction with dendrite, interdendritic regions with strong segregation
of the white carbide phases in the interdendritic region, (c) high magnification image of the fine γʹ
precipitate in the disordered γ matrix and bright phase carbides in the interdendritic region of the
deposit, and (d) EDS plot of elements segregated in the dendrite, interdendritic region, grain
boundary carbides, and MC carbide.
Figure 23b shows the SEM image of the as-deposited HY282 along the build direction. It consists
of dendrite and interdendritic regions with white particles which are the carbides segregated
predominantly in the interdendritic regions. Figure 23c shows the high magnification image, which
reveals the presence of the γ matrix, fine γʹ precipitates, and the presence of irregularly shaped
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second phase particles, block-shaped and elongated carbides that developed during LMD. The
carbides and the γʹ phase seen in the interdendritic region form during the final stages of
solidification. During LMD there is heat accumulation in the substrate and the entire deposit due
to the continuous heating and cooling cycle during deposition. This promotes the coherent
precipitation of γʹ from the γ dendrites as the melt-pool cools through the γʹ solvus temperature. A
fine homogeneous distribution of γʹ is observed in the interdendritic region. The γʹ phase was
spherical with an average particle size of 8.25 nm in the as-deposited condition present in the
interdendritic region. Finer γʹ particles in the dendrite core could not be resolved using SEM,
perhaps in future studies TEM will be used to resolve them. The reason for the precipitation of γʹ
particles in the interdendritic region during rapid solidification is segregation and enrichment of
Ti resulting in the formation of γʹ. Moreover, Ti is known to alleviate the particle coarsening rate
of γʹ [69]. Figure 23d shows the EDS plot of elemental segregation from the middle of the dendrite
to the interdendritic region along with carbides present in the interdendritic region and grain
boundaries. Coring is observed due to the rapid cooling of the deposit during solidification. In this
case, Scheil Gulliver equation is used where infinite diffusion is assumed in the liquid, and zero
solid-state diffusion is considered. Cs = k Co [1 – fs](k-1) is the Scheil equation developed for rapid
cooling limits the extent of solute back diffusion during solidification [70]. Where Cs is the dendrite
core composition, Co is the concentration of the solute, fs is the solid fraction, and k = Cs/ Co is the
partition coefficient or the equilibrium solute distribution coefficient [61]. In this manner, the
Scheil equation is utilized to find out k. In the condition of local equilibrium, undercooling is
neglected at the dendrite tip. When solidification starts at fs=0, from liquid the first crystal to form
is γ dendrite of composition kCo. The ratio of the dendritic core to solute concentration, k,
therefore, produce an elemental distribution coefficient at the beginning of solidification. Ni, Cr,
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Al, and Co have partitioned uniformly in the dendrite and the interdendritic region with a positive
partition co-efficient close 1.03, 0.97, 0.95 and 0.99. Whereas, Ti and Mo have segregated well
into the interdendritic region with a negative partition coefficient of 0.73 and 0.85, respectively.
Presence of discontinuous grain boundary carbides rich in Mo was observed even in the
interdendritic regions as shown in figure 23d. These grain boundary carbides could potentially be
the M6C carbides that form during the last stage of solidification. The blocky carbides present in
the interdendritic region were the MC carbide-rich in Ti and Mo. These MC carbides have a facecentered cubic crystal structure. Most of the carbides segregated in the interdendritic regions
observed had a strong Mo and Ti distribution during LMD.
4.2.4 Heat-treated Microstructure
Figure 24 shows the SEM images of the second step age hardened (heat treatment-3) specimens
after 2, 4, 8, and 16 h at 788 oC. Due to the no solution treatment in heat treatment-3 specimens,
coring is still preserved in all the aged condition. The darker regions are the dendrite core and
lighter regions are the interdendritic regions. A clear distinction between the dark region and the
light region shows non-homogeneity in the microstructure. In figure 24a after 2 h of aging three
cores are seen and denoted as dendrite core (DC), middle core (mC), and the interdendritic (ID)
region. The presence of discrete carbide particles in the interdendritic region and formation of
discontinuous thin carbide films is observed along the grain boundaries. Upon 4 h of aging only
the dendrite and interdendritic region are observed, and the center core that was observed in the 2
h aged sample is no longer exist, as shown in figure 24b.
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Figure 24: SEM images of samples with only the second aging step, (a) 2 h at 788 °C showing the
dendrite core (DC) or first core, mC (middle core), and the interdendritic region (ID), (b) 4 h at
788 °C with DC, ID and grain boundary, (c) 8 h at 788 °C, and (d) 16 h at 788 °C.
The amount of carbides has increased and the grain boundaries have a continuous film of carbides
in the 4 h aged specimen. Figure 24c shows the SEM image after 8 h of aging with carbides
amalgamating in the interdendritic region and the grain boundaries. In the final 16 h aged sample,
as shown in figure 24d, an increase in the size and volume fraction of carbides that appear as
Chinese script or globular morphology is observed. The carbides are tending to form a continuous
link and grew bigger in the interdendritic region. Figure 25 shows an increase in carbides from 0.5
% in the as-deposited condition to 2.25 % after aging for 16 h.
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Figure 25: Measured volume fraction of carbides in the as-deposited (t=0) sample and after age
hardening at 2, 4, 8, and 16 h at 788 °C.
Figure 26(a-c) show the high magnification images of age-hardened samples after 2 h. Coring is
very evident with the low volume fraction of γʹ with an average size of 14 nm in the dendrite core.
The average γʹ size increased to 18 nm with a higher volume fraction of γʹ in the transition zone
between the DC and mC. The mC and the transition between the mC and the ID region have an
average γʹ size of 16 nm and 26 nm, respectively. The ID region has an average γʹ size of 22 nm
and is densely populated with γʹ compared to the mC, and DC to mC transition regions.
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Figure 26: (a) Coring affect exhibits even in 2 h aged sample at 788 °C, (b) high magnification
image showing γʹ size and volume increase due to coring as it progresses from the DC to the mC
to the ID region, (c) γʹ precipitate size after aging at 788 °C for 4, (d) ) γʹ precipitate size after
aging at 788 °C for 8 h, and (f) ) γʹ precipitate size after aging at 788 °C for 16 h.
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Following aging at 4, 8 and 16 h have a more homogeneous distribution of γʹ with increasing γʹ
average particle size from 20 nm to 26 nm to 31 nm, respectively, as shown in figure 26(d-f).
Additionally, as shown in figure 27, (d3 - d03) varies linearly with t according to equation d3 - d03
= kt, where the slope of the line is the k (coarsening rate), d 0 and d, are the average diameter of γʹ
precipitates at a time (t) = 0, and time = t, respectively [71].

Figure 27: Liner relationship showing the coarsening of γʹ precipitates following the standard d3
∝ t kinetics of diffusion-controlled particle growth.
The γʹ precipitates coarsening behavior obeys the linear relationship of diffusion-controlled
kinetics for particle coarsening which suggests d3 ∝ t as observed in figure 27. An increase in
temperature also increases the value of k owing to the increase in the diffusion coefficient. Lattice
mismatch (δ) is helpful in determining the coherency strain and morphology of γ and γʹ. The lattice
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mismatch is determined by δ = 2(γʹ - γ)/(γʹ + γ), where γʹ and γ are the lattice parameters of
γʹ and γ [16]. According to the literature, a lattice mismatch above 1.25% promotes the formation
of plate-type precipitates. However, cuboidal precipitates form between 0.5% and 1% lattice
parameter mismatch and finally spherical precipitates form between 0% and 0.2% mismatch.
During LMD and heat treatment as seen above, all the specimens had smaller γʹ precipitates
predominantly spherical and had a very small lattice misfit. A lattice misfit of -0.068 % at 788 °C
is estimated in the current study which imparts misfit strains accompanied by a gap in atomic
ordering and modulus of elasticity between γ and γʹ phases that contribute to the strength of HY282
[69]. EDS-analysis revealed the presence of Mo-rich M6C mostly present in the interdendritic and
grain boundaries in all the aged samples. No presence of M 3B2 phase was detected during EDS
due to the inherent difficulty in detecting boron by EDS, but the presence of these borides have
been reported [72, 73].
4.2.5 XRD analysis
The X-ray diffraction plots of the powder, as-deposited, and post-deposition heat-treated HY282
are shown in figure 28a. A summary of the peak intensity variation for different crystallographic
planes using (I/Imax)(hkl) ratio is shown in table 4. The diffraction peaks in the as-deposited
specimens occurred at 2 = 43.56°, 50.72°, 74.64°, 90.63°, and 96.01° which corresponds to the
diffraction of (111), (200), (220), (311), and (222) planes of the γ/γʹ phase. The presence of γ/γʹ
phase is difficult to differentiate in nickel-based superalloy due to the very small lattice parameter
variation between γ and γʹ. This small lattice misfit in HY282 is predicted to have a negative misfit
during high cooling rates with finer γʹ precipitates and positive misfit with coarser γʹ precipitate
[74]. A strong peak at 50.72° corresponding to (200) plane parallel to the build direction in the asdeposited sample is observed due to directional solidification resulting from LMD. Figure 28b
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shows the magnified view of the (111) and (200) peaks of the XRD plot. The XRD plots of the
heat treatment-3 specimens show a gradual shift of the diffraction peaks towards the right with
higher 2 values with increasing aging time.

Figure 28: XRD plots of powder, as-deposited, and heat-treated samples at 788 °C for 2, 4, 8, 16,
and 24 h, and (b) magnified diffraction peaks of (111) and (200) planes showing peak shift with
increase in aging time.
Table 4: XRD investigation of specimens revealing its peak characteristics and lattice parameter.
Peak intensity ratio (%) [(I/Imax)(hkl)]
Sample Type
Powder
As-Deposited
2 hours at 788 °C
4 hours at 788 °C
8 hours at 788 °C
16 hours at 788 °C
24 hours at 788 °C

(111)

(200)

(220) (311)

(222)

100
31
100
100
87
100
20

35
100
92
39
100
41
100

22
23
24
18
49
78
24

14
0
4
3
3
2
1

22
14
17
27
22
20
14

Lattice
Parameter
of γ/γʹ
359.66
359.38
359.1
358.96
358.82
358.82
358.68

(pm)
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This could be due to the decrease in the lattice parameter value as shown in table 2. Moreover, due
to precipitation of γʹ and increase in γʹ particle size, Al and Ti come out from the matrix to form
the coherent γʹ phase, thereby decreasing the lattice parameter of the γ matrix. MC, M6C, and
M23C6 carbides usually have weak intensities due to the very low volume fraction of carbides
formed and small carbide precipitate size, which is why it could not be resolved during XRD.
4.2.6 Tensile Properties
Figure 29(a-c) shows the room temperature engineering stress-strain graphs of as-deposited and
post-deposition heat treated samples.

Figure 29: (a) Uniaxial tensile test results of the as-deposited and heat treated samples showing
the room temperature stress-strain curve (a) heat treatment-1 (b) heat treatment-2 and (c) heat
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treatment-3, and (d) graph showing the increase in YS and γʹ precipitate size (calculated
experimentally and theoretically by CALPHAD) in the y-axis with respect to the as-deposited
(t=0) sample and after aging at 788 °C for 2, 4, 8, and 16 h.
The YS, UTS, and elongation at room temperature in the as-deposited specimen are 633 MPa, 943
MPa, and 31.6% that show results better than as-cast specimens and welded cast samples [75, 76].
Figure 29a shows the post-deposition heat treatment-1 plot with YS of 681 MPa to 754 MPa, and
UTS of 1004 MPa to 1074 MPa, and elongation of 16.2% to 22.4%. Figure 29b shows the postdeposition heat treatment-2 plot with YS of 761 MPa to 825 MPa, UTS of 1125 MPa to 1162 MPa,
and elongation of 17.8% to 24%. Finally, figure 29c shows the post-deposition heat treatment-3
plot with YS of 834 − 947 MPa, UTS of 1127 − 1242 MPa, and elongation of 17.3% − 22.7%.

Figure 30: Influence of different heat-treatment cycles on the (a) yield strength, and (b) ultimate
tensile strength of laser deposited HY282 alloy.
Room temperature tensile properties of heat treatment-3 showed the best strength and similar
ductility compared to heat treatment-1 and heat treatment-2 samples. Figure 30a and 30b show the
graphical representation of YS and UTS scattering during heat treatment and mostly an increase
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in strength was observed with increase in aging time until 16 h. During heat treatment-1, a solution
treatment at 1135 °C for 2h is performed which translates to an increase in the grain size in the
samples. Most of the dendritic morphology no longer exists after solution-treatment. The chemical
composition and the microstructure are non-homogeneous after LMD due to the micro-segregation
during rapid solidification. Whereas after post solution annealing, a more uniform and
homogeneous microstructure is expected. Moreover, since the solution annealing temperature is
above the solvus of the carbides (M6C and M23C6), the grain boundaries are expected to be free of
grain boundary carbides. Water quenching is performed so very little or no γʹ and carbides
precipitate so that the formability of the alloy increases after post-deposition solution annealing.
From the CALPHAD simulation, first step aging at 1010 °C for 2 h above the γʹ solvus temperature
results in the dissolution of any γʹ and stabilizes the carbide phases. Moreover, the dendritic
morphology is known to be stable till 0.75 of Tm. From the TTT diagram, it shows a small amount
of M6C and M23C6 could precipitate along the grain boundaries. Finally, the second step aging at
788 °C for 2, 4, 8 and 16 h will precipitate a particular volume of γʹ (CALPHAD predicted 17.5
vol.%), and increasing aging time showed variation in strength less than 10% during heat
treatment-1. The speculated reason for the increase in strength in heat treatment-2 and heat
treatment-3 specimens could be due to finer grain size as the specimens were not solution treated.
The fine γʹ precipitates and carbides are retained from the as-deposited condition and further
increase in volume and size of these secondary particles in the interdendritic and grain boundaries
may result in higher strength. Secondary particles pinning the grain boundaries may result in
retaining the fine grain boundaries of the as-deposited specimens. Finally, due to the increase in
volume fraction of carbides and size of the γʹ precipitates with an increase in aging time in accord
with coring behavior an increase in the lattice misfit strain between γ and γʹ also increases the
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strength [77]. The prime reason for the strengthening is due to the formation of γʹ precipitates. The
increased lattice mismatch between the interface of γ and γʹ restricts dislocation motion and acts
as an obstacle to the initial thin plate that thickens and creates dislocation pile up in γ and γʹ
interface resisting deformation. Figure 29d shows the plot of YS and γʹ size versus aging time,
which shows a small increase in the γʹ precipitate size and consequently increase of γ/γʹ lattice
strain that resulted in the improved YS and UTS. Moreover, the dispersion of the fine MC carbides
forms serrated M23C6 and M6C carbides along the grain boundaries, which might contribute to the
strength. The reason for reduced elongation can be due to the formation of large carbide particles
along the grain boundary and in the interdendritic region as observed during the microstructural
study. Carbides are regions of crack initiation and a path through which cracks can propagate to
failure. Carbides can both benefit and have a deleterious effect on the mechanical properties
depending on its size, distribution, and morphology.
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Chapter 5: Functionally Graded Metal Matrix Composite of Haynes
282 and SiC
To improve the strength of low-γʹ HY282 Ni-based superalloy SiC reinforcement particles were
added to HY282. Advanced materials are distinguished when its properties vary with location and
this concept that is known as functionally graded materials (FGM) was put forward in the year
1987 [78, 79]. The FGM integrated with metal matrix composites (MMC) are highly advantageous
for operation in harsh environments such as aerospace, nuclear power generation, and bioengineering components. The FGM with MMC as reinforcement is developed to sustain the wideranging temperatures and for stress shielding at different positions of the part [80]. The versatility
of FGM and MMC when combined yields excellent properties such as thermal cyclic oxidation
resistance, wear resistance, hot corrosion resistance, high specific strength, low coefficient of
thermal expansion, and strength and toughness at low costs that can be designed in a single material
[81-83]. The fabrication of FGM can be accomplished by joining dissimilar materials through
conventional fusion welding, laser welding, which involves melting the intermediate layer. Using
the approach of welding to join dissimilar materials through melting has been known to cause
issues of cracking due to the presence of low solubility, lattice mismatch, the difference in thermal
expansion coefficients, and formation of brittle intermetallics along the composition gradient of
the FGM [84-87]. Solid state joining processes, on the other hand, prevent cracking and formation
of brittle intermetallics while joining dissimilar metals. Friction stir welding (FSW) [88],
ultrasonic welding [89], and meld [90] are examples of solid-state joining processes. FSW obtains
metallurgical bonding, however, due to the variation in material properties of the dissimilar

66

materials upon joining induces residual and thermal stresses along with a small boundary of
gradient composition in the component [91]. Several other methods such as molecular diffusion
by mass transport, physical vapor deposition [92], self-propagating high-temperature synthesis,
spark plasma sintering [93], powder metallurgy [94], chemical vapor deposition [95], and
centrifugal casting [96] have been developed to fabricate FGM. However, some of these
techniques such as powder metallurgy and centrifugal casting need costly and specific tooling,
produce non-equilibrium microstructure, difficult to adjust the reinforcement volume fraction, and
limits the ease of developing complex shaped components.

Figure 31: Fabrication of near dense laser metal deposited HY282 + SiC FGMMC.
In this study, a part manufactured by LMD with a FGMMC from 100 wt.% HY282 to 85 wt.%
HY282 + 15 wt.% SiC at an increment of 1wt.% SiC, respectively, in successive layers was
evaluated for microstructural evolution and consequent mechanical properties. Several phases and
novel microstructures observed in the as-deposited and post-deposition heat treated FGMMC
samples were compared with the calculation of phase diagrams (CALPHAD) modeling technique
to check the feasibility between theoretical prediction and experimental examination. The current
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study uses a combinatorial approach that paves a pathway for swift development and analysis of
several novel microstructures and functionally graded materials with properties varying in every
location for use in numerous engineering applications.

5.1 Materials and method
A single wall deposit of 100 mm long and 8 mm tall was deposited on a 1020 steel substrate with
a back and forth scanning strategy as shown in figure 44. The processing parameters used to
deposit the single wall sample for the FGMMC is shown in table 10.
Table 5: LMD processing parameter for Haynes 282 + SiC FGMMC.
Layer

Laser Power (Watt)

Hopper 1 (g/min)

Hopper 2 (g/min)

Scanning Speed
(mm/ min)

SiC
Haynes 282
1
1000
0
36
720
2
800
0.36
35.64
720
3
800
0.72
35.28
720
4
800
1.08
34.92
720
5
800
1.44
34.56
720
6
800
1.8
34.2
720
7
800
2.16
33.84
720
8
800
2.52
33.48
720
9
800
2.88
33.12
720
10
800
3.24
32.76
720
11
800
3.6
32.4
720
12
800
3.96
32.04
720
13
800
4.32
31.68
720
14
800
4.68
31.32
720
15
800
5.04
30.96
720
16
800
5.4
30.6
720
The gas-atomized HY282 powder (Praxair Inc.) has a particle size between 45 μm to 125 μm with
a spherical morphology is shown in figure 45a. The reinforcement SiC particles have an average
particle size of 75 μm, which was milled and has an irregular morphology as shown in figure 45b.
The FGMMC part was deposited using an LMD system built at Wayne State University. A 2 KW
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diode laser unit (LDM 2000-40) with a laser beam diameter of 2 mm was used in this experiment
and the tool path is navigated by an ABB 1410 6-axis robot. To prevent the oxidation, argon gas
was used as a shielding gas as well as a powder carrier gas. Multiple powder feeders (up to 4
feeders) can be used, but for the current study, two different powder feeders were used to deliver
HY282 and SiC powders.

Figure 32: (a) Typical spherical morphology of the as-received HY282 superalloy metal powder,
and (b) irregular shaped SiC reinforcement particles.
The minimum volume fraction of the powder delivered during deposition from the powder feeder
(Thermach Inc. AT-1200) can be changed by 1%. However, as shown in figure 44a, SiC increased
by 1 wt.% in successive layers with a layer height of 0.5 mm. Table 11 shows the designed
composition variation of HY282 FGMCC comprising of sixteen layers in which each layer has a
variation in the SiC reinforcement. To investigate the effect of post-deposition heat-treatment on
the microstructural development and mechanical response, the as-deposited specimens were heattreated in a tube furnace (OTF-1200X). The FGMMC sample was solution heat treated at 1120 °C
for 1h and water quenched. First step aging cycle at 1010 °C for 2 hours and second aging at 788
°C for 8 hours followed by air cooling was performed.
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Table 6: Designed composition distribution of the Haynes 282 + SiC FGMMC.
wt.%
Layer1
Layer2
Layer3
Layer4
Layer5
Layer6
Layer7
Layer8
Layer9
Layer10
Layer11
Layer12
Layer13
Layer14
Layer15
Layer16

Ni
57.6
57.024
56.448
55.872
55.296
54.72
54.144
53.568
52.992
52.416
51.84
51.264
50.688
50.112
49.536
48.96

Cr
19.8
19.602
19.404
19.206
19.008
18.81
18.612
18.414
18.216
18.018
17.82
17.622
17.424
17.226
17.028
16.83

Mo
8.8
8.712
8.624
8.536
8.448
8.36
8.272
8.184
8.096
8.008
7.92
7.832
7.744
7.656
7.568
7.48

Co
10.2
10.098
9.996
9.894
9.792
9.69
9.588
9.486
9.384
9.282
9.18
9.078
8.976
8.874
8.772
8.67

Al
1.5
1.485
1.47
1.455
1.44
1.425
1.41
1.395
1.38
1.365
1.35
1.335
1.32
1.305
1.29
1.275

Ti
2.1
2.079
2.058
2.037
2.016
1.995
1.974
1.953
1.932
1.911
1.89
1.869
1.848
1.827
1.806
1.785

Si
0
0.7
1.4
2.1
2.8
3.5
4.2
4.9
5.6
6.3
7
7.7
8.4
9.1
9.8
10.5

C
0.06
0.3
0.6
0.9
1.2
1.5
1.8
2.1
2.4
2.7
3
3.3
3.6
3.9
4.2
4.5

For microstructural analyses, samples were cut along the X-Y and X-Z directions and mirrored
polished and electro-etched (12 ml H3PO4 + 36 ml HNO3 + 48 ml H2SO4).
As-deposited and heat-treated samples were examined using scanning electron microscopy (JOEL7600 FE SEM) with compositional analysis determined using energy dispersive X-ray
spectroscopy (EDS). The hardness of the sample was measured using a Vickers microhardness
tester (Instron 9100 microhardness tester) using a 500 gm load for a dwell time of 10 s. The final
hardness value was calculated by averaging the data from five or more indentations. Solidification
sequence and segregation behavior during LMD of HY282 + SiC FGMMC were determined by
thermodynamic calculations employing the recognized CALPHAD method using Thermo-Calc
[66, 97] Ni-based superalloys database version 8.0 (TCNI8). Applying the first principle
calculations based on the density functional theory Gibbs free energy of all the stable and

70

metastable phases are established for the current FGMMC as the phase relations for HY282
established by CALPHAD is in good agreement with the experimental data [98]. Equilibrium
phase was calculated as a function of temperature and change in composition in the gradient layers
and the distinct phases observed in the as-deposited and heat-treated samples are discussed below.
5.2 Results and Discussion
5.2.1 Optical Microscopy
Figure 46a shows the optical micrograph of the transverse section of the FGMMC revealing the
pattern of layer-by-layer deposition. A closer look of Figure 46a reveals predominantly fine
columnar dendritic structure in the bottom layer growing in the preferred [001] growth direction
opposite to the heat flow direction. The middle and the top layers reveal a more fine-grained
structure within which finer dendrites with carbides are present in the interdendritic regions and
grain boundaries. A decrease in the density is expected in the deposit in each layer with increasing
SiC content. Figure 46(b-d) shows high magnification SEM micrographs of the heat-affected zone
(HAZ) in the deposit of layer 7, layer 9, and layer 11, respectively. An increase in the HAZ
thickness with an increase in SiC in the corresponding layers is observed as the height of the
deposit increases. A periodic transition of high-volume fraction agglomeration of carbide particles
in the HAZ, and to a more widely spaced distribution of carbides above the remelt boundary (solidliquid interface) is observed. This suggests a microstructural heterogeneity in each layer due to
variable alloying in the deposit, exothermal reactions of the intermetallic mixtures, primarily, due
to the local solidification condition and varying thermal gradients at each location of the deposit.
Note that the carbide particles in the HAZ grew during subsequent layer deposition due to the
thermal excursion. The columnar dendrites usually grow parallel to the heat flux direction of the
solidifying melt pool when the thermal gradient (G) is high and the solidification velocity (V) is
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low. In the melt pool, V has a minimum value at the bottom to a maximum value at the top and G
has the highest value at the bottom and gradually decreases to the lowest value at the top of the
melt pool. At the bottom part of the melt pool, columnar dendrites form just above the layer
boundary with carbides in the interdendritic region.
Furthermore, at the top of the melt pool, a transformation to the equiaxed structure is observed,
and the following layer boundary consists of a near planar structure with high accumulation of
polygonal shaped carbide particles.
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Figure 33: (a) Transverse section of the as-deposited HY282 + SiC FGMMC, and (b-d) high
magnification image of the remelt region of the deposit in layer 7, layer 9, and layer 11 which
show dense accumulation of carbide particles and increase in size of the HAZ area.
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The high accumulation of the carbide particles in the HAZ along with an increase in thickness of
the layer boundaries (HAZ) was developed above a critical cooling rate, and due to increasing the
SiC content in subsequent layers during LMD. Finally, the deposition periodicity followed the
pattern of planar grains in the layer boundaries with the thickness of the layer band increasing in
each layer with increasing SiC content. This is due to a high G/V ratio in the layer boundaries.
This was followed by the growth of columnar dendrites with decreasing G/V ratio at the bottom
of the melt pool and as the G/V further decreases with high V and low G equiaxed structures was
observed in the top of the melt pool. Similar observation of the formation of layer boundaries has
been observed by Dinda et al. and a more detailed microstructural investigation has been carried
out [99, 100]. However, in the current study due to the changing composition in every layer, the
layer boundaries consist of different microstructural morphologies. Moreover, with an increase in
the height of the deposit coarser and more complex microstructure was observed following layer
11. To further understand the microstructural evolution in all the layers of the FGMMC a detailed
investigation was conducted using high magnification SEM micrographs.
5.2.2 SEM Investigation of as-deposited FGMMC

Microstructural investigation of the as-deposited single wall sample in figure 47 reveals the
transverse section of the deposit with a clear distinction of a graded structure successfully
fabricated. As the layer height increases the composition changes in each layer and the heat
dissipates through the topmost layer of the deposit to the substrate predominantly by conduction
than convection and radiation. The graded microstructure in layer 1 represents that of pure HY282
and the following composition range from 99 to 85 wt.% HY282 + 1 to 15 wt.% SiC for every two
even layers is shown in figure 47(a-i).
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Figure 34: SEM micrographs showing the novel microstructure of LMD FGMMC in the HY282
+ SiC system: (a) HY 282, (b) 1 wt.% SiC, (C) 3 wt.% SiC, (d) 5 wt.% SiC, (e) 7 wt.% SiC, (f) 9
wt.% SiC, (g) 11 wt.% SiC, (h) 13 wt.% SiC, and (i) 15 wt.% SiC.
Figure 47a shows mostly columnar dendrites in layer 1 with carbides segregated in the
interdendritic region and grain boundaries. Due to rapid cooling, the microstructure predominantly
consists of primary and secondary dendrites of the γ solid solution, a typical phase of nickel alloys
is observed during the LMD process. The carbides present in the interdendritic region and along
the grain boundaries in this layer are mostly dominated by the presence of M(Ti,Mo)C and
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M6(Mo,Ni,Co,Cr)C carbides [8]. Figure 47b shows the composition in layer 2 with most of the
SiC particles completely dissolved in the matrix. A few large partially melted SiC particles may
also break free to the tail end on the melt pool, where solidification occurs. It was interesting to
note that the average diameter of SiC reinforcing particles was significantly refined to a scale of 3
μm to 7 μm, which indicated the partial dissolution of the starting SiC particles (30 μm to 75 μm)
during LMD was observed in only very few areas of the deposit. However, predominantly most of
the SiC particles melted and diffused into Si and C under the effect of heat supplied by the laser.
Some of the Si and C atoms diffuse in the γ matrix and due to supercooling during LMD gives rise
to super-saturated solid solution strengthening effect with an increase in solid solubility of Si into
the γ matrix was measured. Moreover, the C atoms increase the carbide precipitation along the
interdendritic regions and grain boundaries improves the wear resistance of the FGMMC. Figure
47(b-f) revealed that by increasing the Si and C content in HY282 from layer 2 to layer 10 a gradual
decrease of the γ matrix, an increase in eutectic regions, carbide volume fraction and size of these
phases was observed. The morphology of the carbide particles is circular with a particle size of 0.3
– 0.75 μm in layer 2 to layer 6. Gradually with an increase in C content and a lower G/V ratio
value increases with successive layer deposition, thus, the carbide particles morphology changes
to polygonal shape with an increase in particle size to a maximum value of 2.5 μm in layer 10.
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Figure 35: Thermodynamic calculations of the molar Gibbs free energies (ΔG0) of formation in
each layer consisting of new composition of the FGMMC deposit showing a negative deviation
with increasing SiC following the ideal behavior as a function of layers.
This show the particles got more time to form bigger carbides in the liquid melt pool. Figure 47(gf) from layer 12 to layer 16 reveals more complex microstructures consisting of a matrix, carbides
shaped like clover transforming to dendrites by layer 16, and dimpled structure in layer 12
transforming to dendrite structure in layer 14 and layer 16. These varying microstructure in all the
layers are a result of thermodynamics of mixing Si and C in HY282 and the products of the
chemical reaction. Thermodynamic calculation results of HY282 shows the free energy of HY282
superalloy is lower and with increasing the SiC content in HY282 in each layer the ΔG o values
reduces as shown in figure 48. This indicates that the increasing negative ΔG o values from the
thermodynamic viewpoint show the changing microstructure occur spontaneously as all moles of
the reactant (SiC) get used up and show up as products with the formation of several complex
phases.
5.2.3 EDS Analysis and Thermodynamic Calculation
EDS was used to measure the actual composition of the as-deposited gradient zone of each layer
represented by dots and the planned composition represented as lines of individual elements are
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shown in figure 49. The difference in the planned composition during deposition and the measured
composition across the gradient zones during EDS suggests very low deviation.

Figure 36: Designed (lines) and measured (dots) composition in wt.% of the FGMMC from HY282
at 1 mm to HY282 + 15 wt.% SiC at 8 mm as a function of position from the substrate to the top
the deposit with a layer height of the composition changing every 0.5 mm.
The composition of the gradient zones revealed all the 16 layers were deposited as planned with a
slight deviation in the Si content with a difference of approximately 1 wt.%. This difference is due
to the presence of very few unmelted SiC particles in the deposit and this may be the reason for
the difference in the planned and the measured composition in the deposit. Moreover, a variation
of about 1 wt.% is one of the limitations of using the EDS technique [101]. These results showed
no evaporative loss during deposition and the intended layer thickness of 0.5 mm obeyed to the
changing composition in each layer. EDS analysis and CALPHAD simulations were combined to
determine the phases in the gradient regions of the deposit. The composition data retrieved during
EDS evaluation from the deposit in each layer was used during thermodynamic computation.
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Figure 37: Equilibrium phase fraction as a function of temperature for the measured composition
of HY282 + SiC MMC’s calculated using the Thermocalc TCNi8 database of: (a) HY282 + 1wt.%
SiC, (b) HY282 + 7 wt.% SiC, (c) HY282 + 9 wt.% SiC, (d) HY282 + 11 wt.% SiC, (e) HY282 +
13 wt.% SiC, and (f) HY282 + 16 wt.% SiC
Figure 50 shows the equilibrium thermodynamic calculation of the amount of phases present in
logarithmic scale to ensure all the minor phases are revealed as a function of temperature. Due to
the uncertainty of the phases that might be present in each layer of the FGMMC all the phases
listed in the thermodynamic database of TCNI8 were selected during computation. The
equilibrium phase diagrams shown in figure 50 assumes infinitely slow heating or cooling process
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which allows the alloy to balance phases at every step of the temperature. From layer 1 to layer 16
from thermodynamic calculations the liquidus temperature decreases from 1346 °C in HY282 to
1177 °C at a composition of 15 wt.% SiC (85 wt.% HY282). Several intermetallic phases, for
example, μ, σ, Graphite, M1(Mo)C1 etcetera are present in the computation, however, these phases
were not observed in the deposit as they form under a considerable aging time of several hundred
hours. Moreover, several thermodynamically stable intermetallics that is observed at low
temperatures or over a wide temperature range during the thermodynamic simulations in the
current study is not observed in the deposit owing to the high cooling rate of the process and very
slow kinetics for precipitation. The stable fcc γ matrix forms first in the melt from 1350 °C to 500
°C and the temperature range to form γ gradually reduces in the following layers with increasing
Si and C content in the deposit. The temperature range and volume fraction of the γ matrix post
composition range of layer 2 reduce significantly wherein by layer 16 the γ phase exists only till
1150 °C. The M(Ti,Mo)C, M23(Cr0.7,Mo0.3)C6, and M6(Mo,Co,Cr)C metal carbides are observed
in HY282 and has the potential to form these carbides with the addition of SiC in the FGMMC.
The one stable phase present in all the layers of the deposit between 1300 °C to 500 °C that is well
agreed upon by CALPHAD and EDS mapping is the presence of M(Ti,Mo)C monocarbide. Metal
carbide M23(Cr0.7,Mo0.3)C6 is predicted to be a stable phase which forms from 1085 °C and until
500 °C in layer 2 composition. However, the presence of M23(Cr0.7,Mo0.3)C6 is observed to be
present from 656 °C in layer 10 composition and no longer exists in subsequent layers. Metal
carbide M6(Mo,Co,Cr)C is known to be present in alloys with Mo content greater than 5 wt.%. It
is observed that M6(Mo,Co,Cr)C from thermodynamic calculations exists only till layer 8. Metal
carbide M7(Cr,Mo)C3 starts to form from layer 4 above 1300°C when C content in the deposit is
about 0.9 wt.%. Consequently, with increasing carbon content in consecutive layers M 7(Cr,Mo)C3
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carbide increases in volume fraction and gradually transforms to a stable phase by layer 10. By
layer 12 M7(Cr,Mo)C3 reduces its volume fraction considerably compared to layer 10 and a new
stable carbide phase M3(Cr,Mo)C2 arises. Moreover, the presence of M7(Cr,Mo)C3 is not observed
from layer 13 and M3(Cr,Mo)C2 is the dominant carbide phase until layer 16 in the deposit. Another
stable phase, γʹ, forms at 996 °C in HY282, however, with an increase in SiC reinforcement the
formation temperature of γʹ reduces gradually until layer 4 to 910 °C. Following layer 4 the
formation temperature of the stable γʹ phase gradually increases with increase in SiC to 1170 °C
in layer 14 and is no longer present in layer 16. The main constituent of this phase is dominated
by the formation of Ni3(Al,Ti) till layer 4. As the Si content increases to 3.5 wt.% in layer 6 the γʹ
is enriched by Ni3Si and Ti segregates more into forming MC carbides due to the increase in C
content. Moreover, with an increase in Si the start temperature of the Ni3Si phase increases. By
layer 8 in the deposit, the γʹ phase is enriched by Ni3Si with a lower volume of Al forming this
phase until layer 14.
Similar results have been reported during laser clad coating of Ni-based alloy with dissolved SiC
during transmission electron microscopy analysis revealing the Ni3Si rich phase having an
orthorhombic structure from the L12 structured Pm3m space group [81, 102, 103]. Barker et al.
revealed the effect of alloying addition on microstructural evolution of Ni-Si alloys and confirmed
that Ti substituted for Si forming Ni3Si phase consisting 10.1% to 10.3% Si and 2.7 to 2.9% Ti
[104]. Gary and Miller et al. have shown that Ni3Si phase formed by the peritectoid reaction as
shown in equation (1).
 (Ni-rich solid solution)  γ (Ni5Si2 intermetallic compound) → β (Ni3Si) (1) [105].
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5.2.4 EDS Mapping

Figure 38: Measured EDS map of constituent elements in layer 2 of the deposition.
Figures 51-54 show the elemental segregation of Ni, Co, Cr, Ti, Mo, Si, Al, and C by EDS mapping
along the deposition from layer 2 to layer 16 in the as-deposited FGMMC sample during LMD.
The transition between gradients in the composition is evident, and the changes in the composition
reflect on the segregation of elements. Moreover, an increase in Si content (blue color) is seen to
increase as per the experimental design set up in every successive layer.
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Figure 39: Measured EDS map of constituent elements in layer 12 of the deposition.
EDS mapping of layer 2 in figure 51 reveals the dark grey region of a supersaturated solid solution
of γ matrix rich in Ni, Co, Cr, Si, and Al. Most of the Ti, and Mo are segregated to the interdendritic
region. Ti-rich regions corresponding to the areas rich in Mo are the M(Ti,Mo)C carbides. The
areas with clear Mo and Cr rich segregations are rich in M 23(Cr0.7,Mo0.3)C6 and M6(Mo,Co,Cr)C
carbides. Another phase γʹ has the precipitation kinetics which is impossible to suppress, although
it is difficult to reveal the γʹ phase in the current study, however, the presence γʹ phase is observed
during LMD and electron beam melting of HY282 superalloy [7, 8, 106]. The region in layer 4 of
the deposit reveals a solid solution matrix with various morphology of carbide phases and a
eutectic phase. The matrix is primarily γ, which reduces in volume in layer 4 compared to layer 2.
An increase in the carbide volume fraction is observed with carbides similar to the ones present in
layer 2. EDS analysis revealed the γ/γʹ eutectic phase enriched in Si compared to the remaining
regions in layer 4. From thermodynamic calculations, it is observed that the liquidus of the alloys
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in the FGMMC reduces significantly from layer 2 to layer 16. The mushy zone depths and
solidification time during LMD is relatively small due to high thermal gradients and rapid cooling
rate.
This facilitates solute segregation in the microscale during solidification and leads to the formation
of γ/γʹ lamellar eutectics. It can be found from layer 2 to layer 10 that the FGMMC possess a
typical hypo-eutectic structures. The eutectic forming elements, such as Al, Ti, Mo, and to a greater
extent Si gets rejected into the interdendritic regions during solute partitioning. Therefore, when
the Si content is low in layer 2 and layer 4 the lamellar eutectic crystals started to form in the
dendrite boundaries and with increasing Si content in layer 6 to layer 10 a series of eutectic crystals
formed resulting in structural changes. Henceforth, large volumes of γ/γʹ eutectics are formed with
an increase in Si and refined lamellar eutectic structures are observed due to the higher growth rate
and minimal interfacial constitutional undercooling during solidification [107-110].
Similarly, the entire region of layer 8 shows a eutectic structure with the increased volume fraction
of carbides. The carbides observed in Ti-rich areas are all the M(Ti,Mo)C. Moreover, figure 47(ef) is a composition range of a eutectic high entropy alloy [111, 112] achieved with fine
microstructure during the LMD of FGMMC. In the current study, layers 2 to 10 exhibited γ/γʹ
lamellar two-phase microstructure consisting of the eutectic composition of γ matrix and Ni 3Si (γʹ)
with an average lamellar spacing of 0.4 μm. Figure 52 shows the region in layer 12 which reveals
high segregation of Ti, Mo, and Cr forming carbides with larger particles size with increasing C
content.
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Figure 40: Measured EDS map of constituent elements in layer 14 of the deposition.
The regions rich in Ti in layer 12 is yet again the M(Ti,Mo)C carbide, and regions with dimples
are rich in Cr, and Mo. The carbides size increased and was shaped like clovers due to the relatively
slow cooling rates in the top regions of the deposit as they got enough time to grow.
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Figure 41: Measured EDS map of constituent elements in layer 16 of the deposition.
From EDS analysis and thermodynamic calculations, the presence of M23(Cr,Si,Mo)C6 and
M7(Cr,Mo)C3 carbide is determined. Similar morphology with the presence of M 23(Cr,Si,Mo)C6
and M7(Cr,Fe)C3 carbide was observed in a Ni alloy + 10 vol.% and 30 vol.% SiC deposits during
laser cladding [81]. Several regions in layer 12 consisted of 75% (body-centered cubic ) Cr +
25% (FCC γ) Ni another solid solution matrix along with the austenitic γ matrix. In these regions
of layer 12 owing to the lower liquidus temperature there may exist a triple eutectic junction that
consists of a nickel rich γ solid solution, Cr rich BCC  solid solution, and a β or γ rich phase of
the Ni3(Si,Al,Ti). The heat-affected zone of layer 13 has a clustered morphology and heat damage
is observed due to the high cooling rate at the bottom of the melt pool.

86

Table 7: EDS analysis of the measured composition of phases in different layers of the deposit in
the AD (as-deposited), and HT (heat-treated) specimens.

The region in layer 13 with the dimpled (Cr, Mo)-rich regions similar to the observation in layer
12 started to transform into dendrites with an increase in Si and C content in the deposit. The Tirich regions are the M(Ti,Mo)C carbide and a high volume fraction of M7(Cr,Si,Mo)C3 dendritic
carbides are observed. Figure 53 shows the morphology in layer 14 of the deposit revealing the
M7(Cr,Si,Mo)C3 carbides with the presence of distinct primary and secondary dendrite arms along
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with the stable Ti-rich M(Ti,Mo)C carbide. EDS mapping in the final layer of the deposit shown
in figure 54 revealed the presence of Ni, Co, Si, Al-rich γ matrix, and finer discontinuous dendritic
M7(Cr,Si,Mo)C3 carbides was observed compared to layer 14. As no other layer was deposited on
layer 16 a lack of reheating in layer 16 is encountered, which prevents the growth of the dendritic
M7(Cr,Si,Mo)C3 carbides. The start of the formation of dendritic Ti-rich M(Ti,Mo)C carbides is
also observed in layer 16. Overall, the presence of M(Ti,Mo)C carbides is observed in all the layers
of the deposit. M(Ti,Mo)C carbide is the most stable phase in the FGMMC deposit in the current
study. Several silicide phases were predicted during equilibrium condition by thermodynamic
simulations, however, no silicide and carbide precipitation such as Ni 3Si2, Ni2Si, Ni5Si2, and
M3(Cr,Mo)C2 were observed. This is a strong indication that rapid solidification during LMD
suppressed the formation of equilibrium carbides and silicide phases. Spherical graphite crystals
have been known to form during laser cladding in Ni alloy + 30 to 70 vol.% SiC that formed due
to large undercooling. Furthermore, owing to the light weight of graphite, it was observed that
graphite float and scatter in the topmost region of the coating [102, 113]. However, the graphite
phase was not observed in the current study although some regions did consist of high carbon
content and were observed in the top corner in the HAZ in layer 13. Future work by TEM
investigation may confirm the presence of several novel metastable phases and is not in the scope
of the current study.
5.2.5 EBSD investigation of the As-deposited HY282 and SiC FGMMC
Figure 55 shows EBSD orientation color maps that provide insight into the crystallographic
orientation and texture of the as-deposited FGMMC and presenting a sharp transition from coarse
grained structure to fine grained structure. Figure 55a and figure 55d show the IPF maps along
with texture plot of compositionally different regions between layers 1 to 5, respectively. Figure
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55b, and figure 55e show the IPF maps along with texture plot of compositionally different regions
between layers 6 to 16, respectively.

Figure 42: 12: EBSD map of the as-deposited HY282 and SiC FGMMC. (a) (IPF) inverse pole
figure crystal orientation color relationship map oriented along the transverse (TD) and build
direction (BD) between layers 1 to 5, (b) IPF colored orientation image map between layers 6 to
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16 (c) IPF of the color coded stereographic triangle, (d) (001) pole figure between layers 1 to 5,
and (e) (001) pole figure between layers 6 to 16.
The misorientation angle displayed 60% of the grain boundaries are high angle grain boundaries
(more than 15° misorientation) and the grain size distribution is large (6 – 682 μm) in the FGMMC.
Figure 55d shows a solidification fiber texture in the bottom layer which translates to a strong
rotated cubic texture developed [100] in layers 6 to 16. In fcc crystals it is well known that <100>
directions are the preferred and fastest growth direction whereby the grains grew epitaxially
parallel to the (100) planes during solidification. During LMD of the FGMMC, in the first layer
Ni grains nucleated at the substrate-deposit interface by mostly heterogeneous nucleation. Further,
with subsequent layers deposited a strong <100> growth direction orientation near parallel to the
heat flow direction developed, which grew rapidly ceasing the growth of other grains in most of
the areas. The deposit mostly consisted of columnar grains due to higher G/V ratio, however, the
top most part of the top layer was not remelted and produced equiaxed dendrites due to lower G/V
ratio [114]. The bottom layers measured larger grains size where the amount of SiC addition is
low. SiC particles have smaller grain sizes and higher melting points, than those of HY282 matrix.
However, with increasing SiC addition in successive layers acted as partially melted impurity
phases, and provided nucleation sites for molten HY282, promoting heterogeneous nucleation, and
therefore producing grain refinement [115]. Furthermore, the elevated degree of grain refinement
occurred due to rapid melting and solidification process endured during LMD along with
reinforcing particles in the molten melt pool. The SiC reinforcing particles form several metastable
high melting point carbides in the melt pool creating a pinning effect on the motion of grain and
phase boundaries. Henceforth, the driving force for grain growth in the molten pool during
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solidification is diminished and nucleation rate increases supporting the formation of refined grain
structure.
5.2.6 SEM Investigation of Heat Treated FGMMC
In the current study of the as-deposited FGMMC strong segregation of elements during
solidification along with the presence of a high-volume fraction of low melting eutectics has been
observed. In order to realize a homogeneous microstructure and to ensure specific amount with the
optimal size of precipitation of the γʹ and carbide phases a standard heat treatment procedure with
a solution treatment for the homogenization and a two-step age hardening was performed.

Figure 43: SEM micrographs showing the novel microstructure of post deposition heat treated
FGMMC in the HY282 + SiC system: (a) HY 282, (b) 1 wt.% SiC, (C) 3 wt.% SiC, (d) 5 wt.%
SiC, (e) 7 wt.% SiC, (f) 9 wt.% SiC, (g) 11 wt.% SiC, (h) 13 wt.% SiC, and (i) 15 wt.% SiC.
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Figure 56 shows the microstructure from layer 1 to layer 16 of the heat-treated specimen. From
figure 56(a-f) a homogeneous microstructure with a uniform distribution of carbides in the solid
solution of the γ matrix is observed. A gradual increase in size and volume fraction of carbide
phases with complete dissolution of the γ/γʹ lamellar eutectics is achieved after heat treatment of
the FGMMC. Figure 56f shows the HAZ region of layer 10. Table 3 shows the microstructural
diagram of the phases observed in the as-deposited and heat treated FGMMC along with EDS
analysis results in the microzones. In the as-deposited FGMMC supersaturated γ solid solution
consisted of high solid solubility of Si more than the equilibrium solid solubility was observed.
However, after the heat treatment, most of the Si atoms diffused from the γ matrix and formed Si,
Ti, Cr, and Mo-rich carbides. Figure 56(g-i) mostly has similar phases with the grey regions
consisting of the γ solid solution depleted in Cr, and Mo with Ni, Si, Al, and Ti-rich matrix. Heavy
precipitation of γʹ phase of the L12 structure Ni3(Si,Al,Ti) is observed in all layers of the heat
treated FGMMC. The bright white cloudy phase is a Ni-Si-Ti rich compound that precipitated on
a Cr-Mo-Ti-Ni rich dark grey phase. The composition of the Ni-Si-Ti rich compound and the CrMo-Ti-Ni rich dark grey phase are shown in table 3. From the application of Hume-Rothery rules
a large difference in the structure factor, size factor, electronegativity and the valency of elements
indicate a tendency of formation of Ni-Si-Ti rich intermetallic compounds. Thermodynamic
simulations with the current TCNI8 database are usually optimized for a certain alloy system,
which works well with pure HY282, Inconel 625, and Inconel 738, etc. However, it does not cover
the entire gradient composition range explored in the current study. Several new novel phases have
been identified in the current FGMMC system in both the as-deposited and heat-treated condition,
and future investigations using TEM will be beneficial to reveal the diffraction patterns of the
phases found during LMD process.

92

5.2.7 Microhardness investigation

Figure 44: Variation of Vickers microhardness measurements of FGMMC of the as-deposited
(AD) and heat treated (HT) specimens as a function of composition variation with respect to
position during LMD.
The microhardness results as a function of position from the deposit-substrate interface to the top
of the deposit in the as-deposited and heat-treated sample is shown in figure 57. The gradual
increasing trend in hardness from layer 1 to layer 16 obviously indicates the addition of SiC to
HY282 enhances the wear resistance (hardness) behavior of the FGMMC. In the as-deposited
condition (blue) and heat-treated condition (red), an increase in hardness from 200 HV to 600 HV
and 200 HV to 750 HV is observed between the substrate-deposit interfaces to the top of the
deposit, respectively. The increase in the hardness in the as-deposited condition is mainly due to
the dissolution of SiC particles and enrichment of C and Si in the melt, which increases the volume
fraction of the hard-brittle intermetallic phases that form during solidification. Moreover, owing
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to the innate rapid cooling and heating rate associated with LMD leads to refined microstructure,
fine carbide particle size, and the presence of γʹ increases the hardness of the FGMMC in each
layer. The hardness increment is observed in each layer of the deposit and can be a characteristic
of a continuous increase in dislocation density at the matrix-precipitate-carbide interface that
lowers the dislocation mobility and prevents plastic deformation. The dislocation density increases
due to the difference in coefficient of thermal expansion between HY282 (12.1 × 10-6 /°C) and SiC
(4 × 10-6 /°C). Post-deposition heat treatment sample experienced a higher hardness compared to
the as-deposited sample. The principal difference and reason are due to the diffusion and
precipitation of the supersaturated Si from the matrix, which forms several new carbides, γʹ
precipitates and other newly found Ni-Si-Ti and Cr-Mo-Ti-Ni rich dark grey intermetallic
compounds.
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Chapter 6: LMD of Inconel 738 (IN 738) high-γʹ superalloy
Inconel 738 is a nickel-based precipitation hardening superalloy, which is one of the materials
being introduced as a blade material used in the high-pressure stage of land-based and aero gas
turbines. Inconel 738 found elevated temperature applications up to 980°C due to its superior hightemperature mechanical property such as creep rupture strength and improved hot corrosion
resistance [116]. Like many other nickel-based superalloys, IN 738 is primarily hardened by the
ordered, coherent precipitation of gamma prime (γ′) consisting of Ni3(Al,Ti) intermetallic
compound in the disordered (γ) matrix. Solid solution strengthening is derived from Cr, Mo, W
and Co, and grain boundary strengthening by carbides and grain boundary γ′ [31, 117-119]. Nibased superalloys have the potential to form several different precipitates like γ′, grain boundary
γ′, MC carbides, and M23C6 precipitates which have the greatest effect on stress rupture life and
ductility. The mechanical properties of the nickel-based superalloys are strongly dependent on the
grain structure [120, 121], dendrite arm spacing, size and volume fraction of the γ′ precipitates,
secondary carbide, and boride phases. The ever-growing demand for producing more advanced
superalloys which can withstand increasingly higher temperature and stresses for better efficiency
can be met by increasing the volume fraction of γ′ anywhere from 30% to 80% [122-124].
In the present study, samples processed by direct laser metal deposition (LMD) were used to
explain the mechanism of hot cracking of IN 738 superalloy. High resolution scanning electron
microscopy and energy dispersive x-ray spectroscopy techniques are used to identify the evolution
of hot cracking by comparing with the models developed for conventional manufacturing methods.
By optimizing the processing parameters, hot cracking and liquation that embrittles grain
boundaries and cracking due to cladding stresses have been prevented. The high energy density
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used during LMD enabled the production of relatively thick, dense, and crack-free deposits
exceeding 15 mm.

Figure 45: (a) Laser metal deposition (LMD) principle, (b) LMD set up and functional parts
developed at Wayne State University.
A scanning strategy has been developed to manufacture a prototype turbine blade made out of IN
738 by LMD without preheating the substrate. Also, this paper reports the microstructural and
mechanical properties of the as-deposited defect-free samples and the phase stabilities and phase
changes observed during post-deposition heat treatment. Experimental results of this work are
compared with CALPHAD simulation to explain the cracking mechanism and phases developed
in the as-deposited and heat-treated specimens.
6.1 Laser metal deposition (LMD) of Inconel 738
Laser metal deposition (LMD) process starts with creating a CAD model. The CAD model is
imported as an STL file into Skeinforge software in which the scanning raster and build height is
specified and an output tool path is obtained. Typically, the build height is 1/3rd or 1/4th of the laser
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beam diameter. A 6-axis robot (ABB IRB 1410 M2004) is used to navigate the tool path of the
laser deposition, which is controlled by a robot controller (IRC 5 M-2004). The coaxial nozzle is
mounted to the robot, and a 1.2 KW diode laser (LDM 1200-40) is used as a source of heat
generation. The laser beam used in this study has a circular spot size of 2 mm diameter. Inert gas
(Ar) is used as a medium to transport the metal powder and provides a protective environment to
prevent oxidation. The metal powder is delivered such that the powder stream converges at the
same point with the focused laser beam as schematically shown in figure 31.
6.1.1 Materials

Figure 46: SEM micrograph of IN 738 alloy powder showing particle morphology.
Commercially available gas atomized IN 738 metal powder (Carpenter Powder Products) was
used in the present investigation. Figure 32 shows the powder morphology, and table 5 lists the
chemical composition of the as-received IN 738-powder. The powder particles exhibit mostly
spherical morphology with a few irregular shaped particles and smaller satellite particles stuck to
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their surface. The average powder particle size was found to be 75 μm and 90% of the particles
were within the 60 - 120 μm range.
Table 8: Elemental composition of as received IN 738 superalloy metal powder.
Element C
Wt. %

Si

Cr

Co

Mo W

0.11 0.02 15.85 8.37 1.8

Nb

Ti

Ta

2.66 0.89 3.39 1.8

Al

B

Ni

3.38

0.007

Bal.

6.1.2 Sample manufacturing
Experiments were conducted using three different parameters, as shown in table 2, to demonstrate
the effects of cracking and the process of optimizing the LMD parameter. Single wall samples of
100 mm × 20 mm × 2 mm (thickness of 2 mm) were deposited on 1020 steel rolled plate. Back
and forth scanning strategy was employed as indicated in figure 33(b) where the scan direction of
each layer changed by 180° with the direction of the previously deposited layer. The Z increment
between layers was 0.6 mm in all the examined samples. In all three samples, the laser power in
the first two layers was 1000 W with 8 gm/min powder flow rate to ensure a complete metallurgical
bond is made between the substrate and the deposit. The laser power was gradually reduced from
1000 W to 800 W at 50 W step after every layer in sample A from table 6 and was kept at 800 W
until the end of the deposition. A similar principle was followed for samples B and C. The
processing parameter of sample C was used to deposit a turbine blade using IN 738 superalloy, as
shown in figure 33(c). The scanning strategy implemented for the turbine blade took the trajectory
of clockwise in one layer to counterclockwise the following layer. The repetition of clockwise and
counter-clockwise scanning raster ensured a successful crack free build.
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Table 9: Process parameter optimization of laser metal deposited IN 738 superalloy.
Sample#
A
B
C

Laser Power
(Watt)
800
600
400

Powder Flow
Rate (g/min)
36
28
17.5

Scanning Speed
(mm/min)
720
360
180

Deposition Rate
(g/min)
7.4
5.5
3.4

6.1.3 Microstructural characterization and mechanical testing
Samples were cut on the Y-Z plane along the build direction for microscopy, and X-Z plane cut
samples were used for XRD analysis. The samples used for high-resolution imaging were
electrolytically etched in a solution of 12 ml H3PO4 + 40 ml HNO3 + 48 ml H2SO4 at 6 V for 5 - 6
s. This etching technique was particularly used to reveal γ′ phase in the deposit. Microstructural
characterization, elemental distribution, and phase constitution of IN 738 have been studied using
optical microscopy (Olympus BX51), scanning electron microscopy (JOEL-7600 FE SEM), and
X-Ray diffraction (BRUKER D8 XRD) techniques. XRD was performed using Cu Kα radiation
(λ=0.15425 nm) at 40 KV and 40 mA. Diffraction profile was collected from 25° to 105° with a
sampling interval of 0.01°. Simulation of solidification segregation was performed using the
commercial Thermo-Calc software. Heat treatment of the as-deposited IN 738 samples was
performed using a tube furnace (OTF - 1200X by MTI). Heat treatment was carried out to enhance
the mechanical response and study the microstructural evolution and elemental distribution of the
as-deposited samples. Samples were solution treated at 1120 oC for 2 h and air-cooled followed by
precipitation aging at 850 oC for 24 h followed by air-cooling. The size distribution and volume
fraction of γ′ and carbide particles were measured using ImageJ software. Mechanical properties
were studied by performing a tension test on a universal tensile testing machine (MTS 810).
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Tension tests were conducted at an extension rate of 0.01 mm/s for as-deposited, and heat-treated
samples.
6.2 Results and discussion
6.2.1 Effect of LMD parameters on the cracking susceptibility
During LMD, laser power, scanning speed, and powder flow rate play an important role in
determining the quality of the deposit. No macroscopic cracks were observed in sample A but
debonding of the single wall deposit from the substrate was noted in figure 33a.

Figure 47: (a) As-deposited IN 738 sample A showing debonding at the substrate/deposit interface,
(b) As-deposited IN 738 sample B with cracks at almost equal distance, (c) Crack free as-deposited
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IN 738 sample C showing the laser scanning direction of the single wall specimen, and (d)
Prototype of a turbine blade developed using IN 738 alloy.
An I-beam design was introduced in the first two layers to ensure a good metallurgical bond of the
single wall deposit, followed by the regular back and forth scanning strategy till the end of the
deposition in sample B. Debonding of the deposit with the substrate was eliminated, but macrocracks are observed in sample B, as shown in figure 33b. The cracks propagated along the build
direction with a crack length of approximately 10 mm. Samples A and B were processed with a
scanning speed of 12 mm/s, and 6 mm/s that corresponds to 33 J/mm 2 and 50 J/mm2, respectively.
During LMD, the deposited material undergoes rapid cooling when the injected metal powders are
rapidly heated and melted as the focused laser beam passes the point. During deposition at higher
scanning speeds in samples A and B, the thermal gradient between the top of the deposit and the
heat-affected zone (HAZ) is high, which produce high tensile stress in the previously deposited
layer (HAZ). As a result, strain age cracks are initiated in the deposit at higher scanning speed. On
the other hand, sample C was deposited with low laser power (400 watts) and very low scanning
speed (3 mm/s) that corresponds to 66.7 J/mm2, which developed relatively low tensile stress in
the HAZ. It also shows that increasing the heat input due to the increase in energy density [E = P
(Watt) /Spot size (mm)  scan speed (mm/s)] results in a crack-free deposit. Consequently, sample
C was successfully deposited with no relevant cracks or defects. Egbewande et al. showed that by
increasing the welding speed, cracking susceptibility reduced [125]. Whereas, during LMD by
reducing the scanning speed crack-free deposit is observed in sample C.
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6.2.2 Cracking mechanisms in LMD of IN 738

One of the main defects during LMD is undoubtedly the cracking observed. Figure 34(a-b) shows
the electron backscatter diffraction (EBSD) image of sample B along the build and scanning
direction. The results show mostly a dominant cracking pattern along the intergranular region and
some crack path deviation along the transgranular regions. Cracks were mostly observed in the top
part of the deposit along the Z direction in the range of 12 – 20 mm and no cracks were observed
below 12 mm.

Figure 48: EBSD scans of as-deposited sample B. (a) Specimens cut in sections parallel to the
building direction with blue lines traces the high angle grain boundary defined by > 15 o
misorientation between neighboring grains, (b) inverse pole figure (IPF) colored OIM (orientation
image map) map, (c) IPF, and (d) (100) pole figure of Sample B.
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EBSD image in figure 34a shows cracks mostly between two differently oriented grains with red,
blue, and green lines representing the misorientation angles. The crack boundaries are
predominantly high angle grain boundaries (HAGB) with misorientation angle > 15 0 represented
by blue lines. Whereas, the regions consisting of red and green lines are low angle grain boundaries
(LAGB) with misorientation angles < 150 are crack free regions. The results revealed during LMD
shows a similar cracking mechanism that is well agreed upon during welding of nickel-based
superalloys [53, 54]. Figure 34b shows the OIM map indicating a strong alignment of the crystals
along the 〈001〉 axis in the build direction. Mostly the primary orientation of the crystals during
LMD is determined by the direction of the thermal gradient during solidification. Figure 34d shows
the (100) pole figure, which mostly shows a rotated cube texture that evolved due to the scanning
strategy that was implemented, rotated by 45 0 with respect to each other. Hence, one can observe
a zigzag-patterned grain that shows the change in dendrite growth direction by 900 in subsequent
layers. Dinda et al. showed the effect of the laser beam scanning pattern on dendrite growth
morphology with a detailed investigation of a similar rotated cube texture developed [47].
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Figure 49: As-deposited microstructure of sample B. (a) Grain boundary crack indicated by the
white arrows, the red and yellow arrows show the growth direction of the dendrites in two different
grains, (b) Spheroidal display of grain boundary γˊ particles precipitation near the crack site, (c)
High resolution image of the spheroidal γˊ particles with a size range of 142 -218 nm.
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Figure 50: EDS mapping showing the segregation of Al rich oxides and Ti, W, Ta rich carbides
along the crack boundary.
Figure 35a shows a grain boundary crack along the build direction of sample A. Dendrite growth
in different directions indicated by the red and yellow arrows are the two different grains with a

105

crack along the grain boundary. The angle made between the dendrites from the two grains was
measured to be greater than 15° suggesting a HAGB similar to the observations made during EBSD
analysis. A high-resolution SEM image of the crack along the grain boundary is shown in figures
5(b-c). The two sides of the crack boundaries are decorated with bright white particles. EDS
analysis confirmed the behavior of oxide dispersion rich in aluminum. Heavy precipitation of the
fine crack boundary γ′ particles with a size ranging between 142 - 218 nm with a mean size of 185
± 19 nm was observed along the crack site. The grain boundaries consist of the liquated grain
boundary liquid film and grain boundary γ′ precipitates, and as it approaches the crack, it
transforms to a region consisting of heavy precipitation of the crack boundary γ′ particles, as shown
in figures 35(b-c). Depending on the size of the γ′ precipitate, micro-segregation behavior was
noticed in the distribution of Al and Ti contents in the primary, secondary, grain boundary, and
crack boundary γˊ precipitates, as shown in table 3. Crack boundary γ′ precipitates has the lowest
Al and Ti content compared to primary, secondary and grain boundary γ′. The crack along the
grain boundary is decorated with aluminum-rich oxide product. A grain boundary is a path of rapid
diffusion and grain boundary oxidation rate is higher. Consequently, grain boundary penetration
is deeper than the surface oxidation [126]. Several mechanisms have been proposed for cracking
due to oxidation products. Dynamic embrittlement involving the migration of elemental oxygen
ahead of the crack front [127] and stress assisted grain boundary oxidation [128]. Viskari et al.
suggested the oxidation of secondary γ′ precipitate lead to the formation of Al-rich oxides. Oxides
are formed on the surfaces between 700 and 1000 °C, and an internal oxidation zone has been
shown to penetrate the γ grain boundaries and γ′ interfaces [129, 130]. In the current study,
oxidation assisted cracking during deposition occur preferentially around the crack boundary γ′
precipitates match the stoichiometry of Al2O3.
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Figure 36 shows the EDS mapping of the crack boundary. It clearly shows a strong segregation
behavior of Al rich oxide along with Ti, Ta, and W rich carbides in the cracked region. Ni, Co, Cr
are absent in the crack area with Mo and Nb homogeneously distributed throughout.

Figure 51: (a) Thermodynamic solidification progression of IN 738 alloy calculated using ScheilGulliver (non-equilibrium) simulation, and (b) Calculated equilibrium fraction of phases in IN 738
alloy.
To roughly predict the effect of micro-segregation during solidification, thermodynamic
calculations using CALPHAD (calculated phase diagram) based techniques were used. ThermoCalc relying on (TCNI8) nickel-based superalloy database was used to perform the equilibrium
and non-equilibrium thermodynamic simulation. Thermodynamic calculations were simulated
based on the observed microstructure in the current study, and literature and the phases that were
not observed and reported are excluded from the simulation. During EDS investigation, γ, γʹ,
M(Ti,Nb,Ta,W)C, M23C6, and M2B carbides and boride were observed in the microstructure, and
these phases were retained during thermodynamic calculations. Scheil-Gulliver simulation

107

assumes that the diffusion coefficients in the liquid phase are equal to infinity whereas in the solid
phases they are equal to zero and that local equilibrium is always held at the phase interface
between the liquid and solid phases [60]. Non-equilibrium solidification simulation result, as
shown in figure 37b, displays that the solidification begins with γ phase at 1340 °C. At 78 % liquid,
M(Ti,Ta,Nb)C carbide started to form around 1330 °C. At 1175 °C with 6% liquid remaining, the
formation of γ′ begins. In the final stages of solidification, the liquid is enriched with a small
fraction of W, Mo, Cr, and B resulting M2(Mo,W,Cr)B phase that exists until 950 °C. The
solidification range is given by the difference between the liquidus (1340 °C) and the solidus (950
°C) temperature which in Scheil-Gulliver (non-equilibrium) calculation is about 390 °C, and 100
°C under an equilibrium condition. Solidification cracking may occur in the interdendritic regions
of the same grain (intragranular) and between dendrite arms of different grains (intergranular).
Pre-deposited areas experience thermal cycles above the liquidus or solidus temperature due to
melting, remelting, partial melting, cyclic annealing, etc. This initiates resolidification by the
primary reaction of liquid (L)  γ during rapid cooling rates leading to non-equilibrium
solidification. This leads to the enrichment of Al and Ti in the interdendritic or intergranular
regions. As the temperature cools down to the eutectic temperature during the final stages of
solidification the content of Al and Ti exceeds the critical value in these regions leading to the
following eutectic reaction, L  γ + γ′. Figure 35c exhibit that the crack boundary γ′ has a unique
mean particle size of 185 nm compared to the rest of the deposit as observed surrounding the
cracked regions. These low melting crack boundary γ + γ′ resulted in a small cohesive force
between dendrites in the intragranular and intergranular regions. At this point, thermal and
shrinkage stresses are not accommodated at the eutectic temperature due to the low ductility of the
material. Cracking is a result of the competition between internal stress-strain and the ductility of
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the material [131]. Thus, solidification cracks occur when the accumulated strain during rapid
cooling overcomes the low ductility of the material at the eutectic temperature.
Liquiation cracking occurs during partial remelting and annealing of the pre-deposited regions
between the solidus and liquidus temperature range. Due to rapid heating during subsequent layer
deposition, complete dissolution of γ′ to the γ matrix is not possible due to insufficient time and
the large volume fraction of γ′ in IN 738. Due to the non-equilibrium processing, the volume
fraction of γ′ deviates from the equilibrium processed condition. Upon reaching the eutectic
temperature during subsequent layer deposition, the retained crack boundary γ′ reacts with the γ
matrix to produce the low melting point eutectic liquid film at the crack initiation site. These
liquation sites are observed to be spread along the grain boundaries as resolidified products during
cooling. Regions where liquation cracks are observed in the deposit is the point of low ductility
with sufficient accumulation of strain resulting in cracks along the grain boundary. Henceforth,
both solidification cracking and liquation cracking requires the presence of a liquid film. The
nature of the LMD process induces solidification cracks and the presence of low melting eutectics,
carbides, and borides observed in the present investigation promotes liquation cracks away from
the melt pool.
6.2.3 Optical microscopy (OM) of sample C
Optical micrograph of the longitudinal section (X-Z plane) is shown in figure 38a. A low
magnification SEM image of the transverse section (Y-Z plane) is shown in figure 38b. Note that
this deposit was made with processing parameters C, as shown in table 2. The deposit consists
mostly of columnar dendrites, which grew epitaxially from the substrate along the deposition
direction that is the Z-axis. The deposit and substrate act as the heat sink during solidification of
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the melt pool. This phenomenon promotes the directional growth of the grains counter to the heat
flux direction and forms a columnar structure.

Figure 52: (a) Longitudinal section of sample A showing optical micrograph revealing directional
solidification due to rapid cooling during LMD showing columnar grains, and (b) SEM image of
sample A revealing the cross-section of dendritic structure along the transverse direction of the
single wall deposit.
The change in the direction of the dendrite growth in figure 34a is due to the cooling direction of
the melt pool changing with the laser scanning direction as the heat flux direction is in near
proximity of the secondary dendrites of the previously deposited layer. Hence, figure 38a shows
columnar dendrites growth direction changing by 90° with the columnar dendritic region in [100]
direction with direction flipping to [001] growth direction with change in laser scan direction by
180°. The four-fold symmetry of the γ and γʹ structure gave the directionality to the epitaxial
deposit of IN 738 along with the combination of dominant heat flux direction. The secondary
dendrites are mostly perpendicular to the primary dendrites in FCC crystal, therefore, during LMD
the secondary dendrites of the previously deposited layer act as a growth site for the primary
dendrites of the newly deposited layer [48]. This change in growth direction was noticed across a
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few regions of the deposit. The primary dendrite spacing and secondary dendrite arm spacing was
found to be 8.3 μm and 4.3 μm, respectively. The SDAS has been reported to be dependent on the
cooling rate through the equation λs = kAn, where A is the cooling rate, and k and n are the material
constants. By using the values of k = 4.7 × 10-2 mmK1/3s-1/3, and n = − 0.4 as determined by other
researchers for nickel-based superalloy [68]. The cooling rate in IN 738 is calculated to be 393.97
K/s. The low cooling rate is due to the slow scanning speed of 180 mm/s used. Figure 38b shows
the transverse section of the deposit displaying the cross-section of the columnar dendrites. The
deposit displays layer boundaries with no cracks and debonding at the layer interface. The deposit
shows a fine non-equilibrium microstructure, and microstructural refinement can be ascribed to
localized heating and the rapid cooling rate of the LMD process. The grain size in the bottom of
the deposit close to the substrate experienced higher cooling rates and resulted in finer grain size.
Whereas, in the middle and top sections of the deposit, relatively coarser grains are observed due
to low thermal gradient. Coring is another feature observed due to micro-segregation of heavy
elements such as Ta, W, Mo, and Nb at the dendrite core (dark regions) and enrichment of lighter
elements like Al, and Ti in the interdendritic regions (lighter regions).
5.2.4 The γ′ precipitates and carbides in the as-deposited specimen
High-resolution SEM micrographs of the cross-section (Y-Z plane) of the as-deposited IN 738
superalloy are shown in figure 39. Defect-free deposits of sample C were used in this SEM
investigation. The microstructural morphology of the cracked sample A and sample B are not
discussed in the current study. The micrograph in figure 39 shows the distribution of the ordered
primary γ′ cuboidal particles and the secondary spheroidal γ′ particles in the disordered γ matrix.
Careful examination reveals the darker etched particles in figure 39 that are bigger in size and have
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an irregular shape are the carbide particles. One can see the distribution of these carbides is very
low compared to γ′ but a noticeable amount is formed in the as-deposited condition.

Figure 53: As-deposited microstructure along with EDS map from Sample C with primary and
secondary γʹ with an average size of 463 and 72 nm, presence of grain boundary γʹ with an average
size of 700 nm all along the grain boundaries and M(Ti,Mo,Nb,Ta,W)C rich carbides.
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Sample shows a bi-modal distribution of the cuboidal primary γ′ and spheroidal secondary γ′
precipitates. The grain boundaries are pinned with grain boundary γ′ precipitates and the random
distribution of the irregular shaped MC type carbide particles. The precipitation of γ′ is mainly
controlled by diffusion and is temperature dependent. In this study, the as-deposited samples
contained 34 vol. % of primary γ′ precipitates with particle size ranging from 314 – 651 nm with
a mean size of 463 ± 46 nm. The deposit consisted of 22 vol. % of secondary γ′ particles with size
ranging from 42 - 101 nm with a mean size of 72 ± 14 nm. During rapid cooling, it is impossible
to suppress γ′ precipitation because of the high degree of supersaturation of solutes, coupled with
the inherent rapid rate of γ′ precipitation. The lattice parameter misfit is given by δ = (α γ′ - αγ) /
[(αγ′ + αγ)/2], where αγ′ and αγ are the lattice parameters of γ′ and γ, derived by Lifshitz-SlyozovWagner [132]. It has been known that the total energy of a solid system can be reduced mainly by
decreasing the elastic energy, which depends on the volume and spatial configuration of the
precipitates and the interfacial energy. Spherical shape has the minimum interfacial energy of all
shapes hence the precipitates with 0 – 0.2% δ are expected to be spherical. As δ increases from 0.2
– 0.5% the elastic energy and elastic interaction energy increases, and the shape evolves from
spheroids to cuboids. When the lattice misfit ranges between 0.5 – 1% cuboids form [133, 134].
Bi-modal distribution is due to the interplay between the nucleation kinetics, growth, and
coarsening behavior of γ′.
The deposit consisted of 2 – 2.5% volume fraction of MC carbides. The size of these MC carbides
ranges between 792 – 2131 nm with a mean size of 1333 ± 358 nm. The EDS investigation of MC
carbide shows the strong presence highlighting Ti, Ta, W, Mo, and Nb-based carbide distinctly in
figure 39. A dense partition of Al and Ti is observed in figure 39 shows the formation of
Ni3(Al,Ti,Ta) the γ′ phase. On the other hand, Mo, Nb, W, Ta, and Cr are uniformly distributed to
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form the solid solution Ni rich γ matrix and are absent with a dark background where the γ′ phase
is present.
Table 10: Compositions of overall segregation of elements comprising of primary, secondary,
grain boundary (Sample C), crack boundary γˊ (Sample A), crack boundary Aluminum oxide
(Sample A) and MC carbide in the as-deposited (AD) and heat-treated (HT) conditions (Sample
C).
Element (at. %)

Cr

Primary γˊ (AD)

Mo

W

Nb

Ti

Ta

Al

Ni

12.84 6.85

1.09

1.35

0.79

4.69

0.60

10.93

60.87

Secondary γˊ (AD)

16.27 8.10

1.13

1.43

0.58

4.22

0.43

7.20

60.83

Grain boundary γˊ
(AD)
Crack Boundary γˊ
(AD)
Al Oxide Particle
(AD)
MC carbide (AD)

8.68

5.44

0.69

1.24

0.79

5.87

0.68

12.69

63.92

17.41 8.21

1.07

1.46

0.66

4.03

0.40

6.02

60.56

13.64 5.68

0.79

0.83

0.43

2.87

0.21

32.15

43.39

11.16 4.96

2.28

2.25

7.06

19.02 7.37

4.10

41.79

Primary γˊ (HT)

13.15 6.90

0.60

1.22

0.77

5.09

1.18

10.30

60.79

Secondary γˊ (HT)

15.43 8.90

0.72

1.2

0.4

4.21

1.42

7.01

60.71

5.51

0.77

0.78

0.61

6.72

1.80

12.02

64.37

2.97

1.11

4.50

12.17 35.92 19.49 4.32

Grain Boundary γˊ 7.43
(HT)
MC carbide (HT)
6.85

Co

12.67

A network of γ′ particles along the grain boundary is observed. It is known that grain boundary γ′
particles are effective obstacles to grain boundary sliding. It is suggested that the solvus
temperature of the primary, secondary and grain boundary γ′ can be considerably different since
the chemical composition and consequently their solubility rates differ markedly. The grain
boundary γ′ particles ranged between 500 – 800 nm with a mean size of 700 ± 17 nm in the asdeposited sample. This disparity in dissolution behavior and size distribution of primary cuboidal,
secondary spheroidal, and grain boundary γ′ is a consequence of micro-segregation of Al and Ti
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that occurred during solidification. Table 7 shows the elemental composition in sample C revealing
the highest segregation of Al and Ti in the grain boundary γ′ followed by primary and secondary
γ′. Note that the compositions of various phases listed in table 3 are semi-quantitative. This is
because the material interaction zone with the electron beam is often larger than the size of
individual particles.
6.2.5 The γ′ precipitates and carbides during heat-treatment
IN 738 is metastable at elevated temperatures and this accounts for changes in morphology,
composition, and distribution of various major and minor phases during exposure at elevated
temperatures. Therefore, these changes in the γ′ precipitates during heat treatment play an
important role in determining the microstructural stability, including resistance to particle
coarsening. From the point of view of kinetics, microstructural coarsening can be modified and
even impeded by the elastic interaction between misfitting precipitates. During coarsening,
changes in elastic interaction energy between precipitates owing to changes in particle size can be
of the same magnitude as the corresponding changes in the interfacial energy.

Figure 54: (a) Post deposition heat-treated sample shows the liquated grain boundary during
subsequent layer deposition with spheroidization of some primary γˊ particles, and (b) High-
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resolution SEM images show a bimodal distribution of cuboidal primary γˊ and fine spheroidal
secondary γˊ particles.

Figure 55: (a, b) Shows the particle size distribution of the primary and secondary γˊ precipitates
during LMD of IN 738 in the as-deposited and heat treated condition.
If certain spatial distributions of the precipitate give rise to negative interaction energy, then the
elastic interaction energy can dominate the interfacial energy and distribution of similarly sized
particles that are resistant to coarsening could give minimum free energy. In addition, the misfit
strains can induce changes in precipitate morphology and lead to strong spatial correlations
between precipitates in those crystallographic directions for which the particles have negative
interaction energy. Thus by controlling misfit, it may be possible to stabilize a two-phase
microstructure against coarsening [31]. Spheroidization behavior was observed during heattreatment, which suggests a reduction in total mismatch strain between the matrix and the coherent
precipitate as shown in figure 40a. Also, local characteristics of grain boundary liquid film are
observed. Figure 40b shows the high-resolution image of the bimodal distribution of the primary
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and secondary γ′ precipitates. An overall size distribution plot of the primary and secondary γ′
precipitates in the deposit is shown in figure 41(a-b). An increase in the secondary particle size
was measured after the heat treatment.
The mean size of MC carbide increased to 1433 ± 307 nm when compared to the as-deposited
specimen. The volume fraction of the primary and secondary γ′ precipitates remained the same.
Figure 37b shows the composition of phases during equilibrium cooling as predicted by
ThermoCalc. M2B phase starts to form at 910 °C and is a stable phase below 900 °C, and 0.15 %
is predicted to form under equilibrium condition during aging treatment at 850 °C.
6.2.6 X-ray diffraction analysis
Figure 42 shows the XRD plots of the as-received powder, as-deposited, and heat-treated samples.
A summary of the peak intensity variation for different crystallographic planes by using (I/I max)(hkl)
ratio was calculated [135] and is shown in table 8. The diffraction peaks occurred at 2 = 43.5°,
50.7°, 74.6°, 90.5°, and 96° which corresponds to the diffraction of (111), (200), (220), (311), and
(222) planes of the γ matrix. The presence of γʹ phase is difficult to differentiate in nickel-based
superalloy due to the very small difference in the lattice parameter. The γʹ phase has an ordered
precipitate that forms coherently from γ matrix upon segregation of Al and Ti. The gas-atomized
powder exhibits a strong (111) peak, as shown in table 8.
Table 11: XRD examination of specimens revealing its peak characteristics.
Peak intensity ratio (%) [(I/Imax)(hkl)]
Sample Type
Powder
As-Deposited (sample C)
Heat Treated (sample C)

(111)
100
0.6
27

(200)
32
100
100

(220)
17
0.04
3

(311
14
0.1
8

(222)
6
0.04
1
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Whereas, the as-deposited and heat treated sample shows a very strong (200) peak texture,
indicating the preferred growth of crystals. The XRD investigation confirms the presence of the
M(Ta, Ti, W, Nb, Mo)C carbide phase in the as-deposited and heat-treated conditions. The M23(Cr,
Mo, W)C6 carbide peaks were observed only after heat treatment but was not identified during
SEM analysis. The presence of M2B phase was confirmed in both as-deposited and heat-treated
samples. The presence of the formation of Ni3Ta precipitates was observed in the as-deposited
sample and increased in volume after heat-treatment.

Figure 56: XRD scans of IN 738 powder, as-deposited and heat treated samples.

118

6.2.7 Mechanical properties of laser metal deposited IN 738
Tensile tests were carried out in order to study the mechanical response of the as-deposited and
heat-treated samples C. Tensile test samples were prepared according to ASTM-E8 standard by
milling and grinding. Figure 43a shows the stress-strain curves of the as-deposited and heat-treated
samples. Note that yield strength (1350 MPa) and ultimate tensile strength (1392 MPa) of the asdeposited samples are very high with low tensile ductility (1.13%) compared to cast IN 738. Heattreated samples exhibit little increase in elongation (2.76%), whereas, the YS (1038 MPa) and UTS
(1117 MPa) decrease significantly. The low ductility of the as-deposited samples is most probably
a consequence of intense residual stress and non-equilibrium microstructure developed during
rapid solidification and subsequent thermal excursion. The YS in the as-deposited specimen
compared to the cast specimens increased by 55%. Hence the tensile elongation of the as-deposited
sample is substantially lower than cast IN 738 (7.5%) [136].

Figure 57: (a) Stress – strain curves of as-deposited and heat treated IN-738 deposits, and (b)
Toughness calculated from stress-strain curve of as-deposited and heat treated IN-738.
Hence further investigation is required in order to improve the ductility of the laser deposited IN
738. One possible approach would be systemically investigating the effect of substrate pre-heating
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temperature on the mechanical properties of laser deposited IN 738. It is anticipated that residual
stress will be lower if the material deposition is carried out on a hot substrate. As it is known, the
area underneath the stress-strain curve would be equal to the toughness of material which shows
representatively the ability to absorb the mechanical energy of material in its unit volume up to
failure [137]. The calculated toughness for the as-deposited and heat-treated sample is shown in
figure 43b. The maximum toughness of 12.5 MJ/m3 was observed in the as-deposited specimen,
which enhanced to 28 MJ/m3 during heat-treatment. This is due to the high lattice misfit strain in
the as-deposited specimen and lower lattice misfit strain after heat-treatment that increased the
ductility with lead to the ability to absorb more energy.
Table 12: Tensile test results of laser deposited IN-738 superalloy.
Sample#
As Deposited
Heat Treated
Cast [32]

σys (Mpa)
1350
1038
765

σuts (MPa)
1392
1117
945

Percent Elongation
1.13
2.76
7.5
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Chapter 7: Alloy development of medium- γʹ superalloys by LMD
Alloy development for AM is an emerging field of research and in the current study a feasibility
study to design and quickly develop new alloys by LMD is undertaken. From our previous work
in order to improve the strength of the alloy LMD of low-γʹ, and high- γʹ alloys were processed.
However, during the processing of IN738, a high- γʹ alloy by LMD cracking was observed. Upon
resolving the issue of cracking the tensile ductility of IN738 was low. In order to process high- γʹ
alloy, it is absolutely necessary to suppress the precipitation kinetics of γʹ during deposition to
prevent cracking. Moreover, a Ni-based superalloy with γʹ volume fraction between 30 – 70 %
needs to be developed that can be processed by LMD with the outcome of good room temperature
yield strength (YS) and tensile elongation. The objective of this specific task is to apply the
CALPHAD based solidification and phase transformation modeling to predict the alloy
composition range that will exhibit room temperature yield strength (YS) > 1200 MPa with tensile
elongation > 20% and elevated temperature YS > 800 MPa at 800 °C.
The successful development of Ni-based superalloy components by AM with above-mentioned
properties will find numerous applications in high-temperature gas turbine industries. Ni-based
superalloys are primarily strengthened by γʹ (Ni3 (Al,Ti)) and γ″ Ni3Nb coherent precipitates. Note
that γ″ precipitate transforms to incoherent δ phase above 800 °C. Consequently, the strength of
γ″ strengthened alloy reduces dramatically above 800 °C. However, γʹ precipitates are stable up to
1000-1500 °C depending on the composition and volume fraction of γʹ. Hence our objective is to
discover the composition window of γʹ strengthened Ni-based superalloys with mechanical
properties similar to high-performance Ni-based alloys, such as Inconel 738, RENE 108, CMSX4, etc, which are friendly for AM (good castability and weldability).
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Al, Ti, Nb and Ta are strong γʹ formers. However, the precipitation kinetics of γʹ depends on the
composition of γʹ phase. For example, during cooling of the melt pool, γʹ starts to form within a
second in Inconel 713 LC containing a large amount of Al and Ti (5.9 wt. %). Precipitation kinetic
model (TC-PRISMA) predicts that it will take about 100 seconds to nucleate γʹ precipitates if 4%
Ta is added to this alloy by decreasing the Al to 2.4%. Slow diffusivity of Nb and Ta substantially
reduce the precipitation kinetics of γʹ phase. It is anticipated that γʹ strengthened alloy, with slow
precipitation kinetics, will be preferred for AM.
If the strengthening elements remain in the solid solution, there will be very little chance of
solidification cracking because the solid solution phase is rather ductile. Ductile material will be
able to withstand residual stress generated due to volume shrinkage during solidification, volume
change because of solid-state phase transformations and stress generated due to the thermal
expansion and contraction during subsequent layers deposition.
The specific objective of this task is to predict the alloy composition range/window of Ni-based
superalloy that will form about 40 to 70% γʹ during post-deposition heat-treatment. As described
above, the precipitation kinetics of these alloys should be slow enough so that no or very little
amount of γʹ precipitates form during AM. From the literature review, it is estimated that Ni-base
superalloys with 50 volume % γʹ will exhibit YS about 1200 MPa at room temperature and about
800 MPa at 800 C°.
7.1 Materials
LMD process is carried out on a 1020 rectangular steel substrate of 150 mm  100 mm  12.7
mm and as-deposited blocks of 102 mm  35 mm  16 mm were fabricated as shown in figure
58.
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Figure 58: Blocks deposited using grid scanning pattern with a bead overlap of 50%. (a) WSU
100, and (b) WSU 150 alloys.
The powder composition of WSU 100 and WSU 150 the new Ni-based superalloy developed is
given in table 13.
Table 13: Chemical composition of Haynes 282, WSU 100 and WSU 150 alloys.
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Element (wt.%)

Ni

Cr

Co

W

Haynes 282

57.54 19.8

IN 738

61.75 15.85 8.37 2.66

1.8

0.89 1.8

WSU 100

58.8

WSU 150

59.64 17.83 9.29 1.33

10.2

18.62 9.65 0.8

Mo

Nb

Ta

Ti

Al

C

2.1

1.5

0.06

3.39

3.38 0.11

6.7

0.27 0.54 2.49

2.06 0.08

5.3

0.45 0.9

2.44 0.09

8.8

2.75

Table 14:Optimized laser deposition parameters for processing new Ni-based alloys.

Alloys

Powder
Nozzle Shaping
Laser Power Powder Flow Rate Scan Speed
Carrier
Gas
Gas
(watt)
(g/min)
(mm/min)
Gas
(l/min) (l/min)
(l/min)

WSU 100 750
WSU 150 750

14.5
14.5

720
720

7
7

7
7

7
7

WSU 100 and WSU 150 alloys are medium γʹ Ni-base superalloys that have been developed at
Wayne State University via combinatorial alloy development technique combining CALPHAD
and experimental analysis. Table 13 lists the chemical composition of Haynes 282, IN 738, WSU
100 and WSU 150 alloys. Table 14 shows the optimum LMD process parameters for the new Nibase alloys investigated. Figure 58(a-b) show the laser deposited blocks (102 mm × 16 mm ×35
mm) with a layer height of 0.6 mm fabricated for microstructural investigation and tensile testing.
An energy density of 52 J/mm3 was supplied during deposition. The samples used for highresolution imaging were electrolytically etched in a solution of 12 ml H 3PO4 + 40 ml HNO3 + 48
ml H2SO4 at 6 V for 5 - 10 s. This etching technique was particularly used to reveal γ′ phase in the
deposit. Microstructural characterization, elemental distribution, and phase constitution have been
studied using a scanning electron microscopy (JOEL-7600 FE SEM), energy dispersive x-ray
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spectroscopy and X-ray diffraction. Simulation of solidification segregation was performed using
the commercial Thermo-Calc software.
7.2 Results and discussion

Figure 59: Calculated equilibrium volume fraction of phases in (a) WSU 100, and (b) WSU 150
alloys.
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Figure 59(a-b) show the calculated volume fraction of all the phases as a function of temperature
WSU 100, and WSU 150 alloys. An increase in the volume fraction of γʹ is observed with an
increase in Al and Ti, and similarly an increase in the solidus temperature of γʹ.

Figure 60: Scheil-Gulliver non equilibrium solidification simulation of (a) WSU 100, (d) WSU
150, Segregation of elements in γ matrix as solidification proceeds with infinite diffusion in liquid
and no back diffusion in solid in (b) WSU 100, (e) WSU 150, and mole fraction of MC carbide
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from the dendrite during start of nucleation at zero to end of first solid at one in (c) WSU 100 and
(f) WSU150.
Addition of Ti, Ta, W, and Nb also increases the volume fraction MC, M23C6, and M6C carbides.
As the aging temperature decreases an increase in γʹ volume fraction is observed. Therefore, an
aging temperature for heat treatment can be carefully selected with the desired output of γʹ volume.
Usually aging between 750 ° - 800 °C is selected as WSU 100 and WSU 150 precipitates around
26% and 32% γʹ, respectively.

Figure 61: Microhardness plot revealing the window of WSU 100 and WSU 150 composition by
quick alloy development technique.
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To predict the effect of micro-segregation during solidification of WSU 100 and WSU 150 alloys,
thermodynamic calculations using CALPHAD (calculated phase diagram) based techniques were
used. Thermo-Calc relying on (TCNI8) nickel-based superalloy database was used to perform the
equilibrium and non-equilibrium thermodynamic simulation. From Figure 60 (a) and figure 60(d)
both WSU 100 and WSU 150 alloy shows a liquid phase above 1350 °C. As solidification
progresses both alloys exhibit the presence of liquid + γ + γ′ + MC when the mole fraction of solid
is almost one. Scheil calculations predict a higher solidus temperature of γ′ compared to
equilibrium calculations. It also predicts the presence of a liquid to be present till 1025 °C and
predicts a very low solidus temperature with high solute segregation compared to equilibrium
calculation. Figure 60 (b) and Figure 60 (e) show the segregation of Cr, Co to be almost uniform
throughout with Ni decreasing towards the end of solidification. The concentration Mo and Ti
increase in the interdendritic regions along with an increase in W and Ta at 0.75 and 0.65 mole
fraction solid. Whereas, in WSU 100 and WSU 150 alloys at 0.75 and 0.65 mole fraction solid Nb
and C drops towards the end of solidification. Figure 60 (c) and Figure 60 (f) show MC carbide to
start forming at 0.75 below 1300 °C in WSU 100 and 0.65 fraction solid and above 1300 °C due
to the increase in C content in WSU 150 alloy. WSU 150 shows higher carbide formation, and also
γʹ starts to form with 0.05 mole fraction of liquid remaining.
Figure 61 shows the microhardness plot of WSU 100 and WSU 150 alloy developed. The microhardness of an alloy is a strong function of the γʹ, distribution, volume fraction, and the residual
stresses generated during the laser processing. In the present study, the results indicate higher
hardness values with increase in the W, Ta, Al, and Ti content in the alloy. WSU 100 exhibited
a hardness of 330 HV, and WSU 150 resulted in a higher hardness value of 382 HV.
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Figure 62: As-deposited WSU 100 alloy. (a) Microstructure revealing dendrite dark grey and
interdendritic light grey regions during LMD sectioned along the build- Z-direction, (b) high
magnification image along the Z-direction reveals coring with a dendrite core, middle core, and
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carbides in the interdendritic regions, (c) high magnification image of the resolved fine γʹ particles
in the interdendritic region along the Z-direction, (d) microstructure revealing dendrite dark grey
and interdendritic light grey regions during LMD sectioned along the transverse direction, (e) high
magnification image along the transverse direction reveals coring with a dendrite core, middle core
and carbides in the interdendritic regions, (f) high magnification image of the resolved fine γʹ
particles in the interdendritic region along the transverse direction.
Figure 62 (a) and (d) show the as-deposited low magnification micrograph of WSU 100 alloy along the
build direction and the transverse direction. The deposit exhibits no porosities, bonding error and crackfree structure. A primary dendrite has a preferred [100] growth direction the average primary dendritic
spacing and secondary dendrite arm spacing was of order 10–20 μm and a 4.2 - 4.9 μm in the deposit region
with a calculated cooling rate of 343 K/s. The columnar dendrites grew epitaxially along the direction of
the dominant thermal gradient from the partially re-melted dendrites of the substrate that served as the
nuclei for directional crystal growth. The LMD deposited microstructure of WSU 100 showed cored
structures with dendrite, middle core and the interdendritic region in figure 62 (b) and (e). The material
shows solidification segregation as shown in the averaged EDS graph shown in Figure 64 (a). Ni, Co, Cr
had almost uniform segregation with a partition coefficient close to one. Whereas, Mo, Ti, and Ta increased
in the middle core and was segregated more in the interdendritic region. Nb, and W was segregated the
highest in the dendrites and diffusion slowed down in the middle core and was low in the interdendritic
region. Figure 62 (c) and (f) show different microstructural features namely the γ matrix which etched out
the fine spherical γ′ precipitates, and the carbides. MC carbides partially formed from the interdendritic
liquid by the reaction L → γ + MC precipitated and formed in the interdendritic solid. MC carbide mostly
blocky in shape was the only carbide that could be resolved during EDS study rich in Ta, Mo, Ti and Nb
shown in Figure 62 (a). Fine spherical γ′ precipitates were observed in the interdendritic region with an
average particle size of 25 nm. The middle core and the dendrite regions was suppressed of γ′ precipitation.
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Figure 63: As-deposited WSU 150 alloy. (a) Microstructure revealing dendrite dark grey and
interdendritic light grey regions during LMD sectioned along the build- Z-direction, (b) high
magnification image along the Z-direction reveals coring with a dendrite core, middle core and
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carbides in the interdendritic regions, (c) high magnification image of the resolved fine γʹ particles
in the interdendritic region along the Z-direction, (d) microstructure revealing dendrite dark grey
and interdendritic light grey regions during LMD sectioned along the transverse direction, (e) high
magnification image along the transverse direction reveals coring with a dendrite core, middle core
and carbides in the interdendritic regions, (f) high magnification image of the resolved fine γʹ
particles in the interdendritic region along the transverse direction.
Figure 63 (a) and (d) show the as-deposited low magnification microstructure of WSU 100 alloy
along the build direction and the transverse direction. The deposit exhibits no porosities, bonding
errors and free of cracks. The primary dendrite has a [100] growth direction the average primary
dendritic spacing and secondary dendrite arm spacing was very similar to WSU 100 alloy. The
columnar dendrites grew epitaxially along the direction of the dominant thermal gradient from the
partially re-melted dendrites of the substrate that served as the nuclei for directional crystal growth.
The LMD deposited microstructure of WSU 150 showed cored structures with dendrite, middle
core and the interdendritic region in figure 63 (b) and (e). The material exhibits solidification
segregation as shown in the averaged EDS graph in figure 64 (b). Ni, Co, Cr had almost uniform
segregation with a partition coefficient close to one. Whereas, Mo, Ti, and Ta increased in the
middle core and was segregated more in the interdendritic region. Nb, and W are heavy elements
and it was noticed that it was segregated the highest in the dendrites and diffusion slowed down in
the middle core and was low in the interdendritic region. Figure 63 (c) and (f) show different
microstructural features namely the γ matrix which is etched out, fine spherical γ′ precipitates, and
the carbide precipitates. MC carbides partially formed from the interdendritic liquid by the reaction
L → γ + MC precipitated and formed in the interdendritic solid. MC carbide mostly blocky in
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shape was the only carbide that could be resolved during EDS study rich in Ta, Mo, Ti and Nb
shown in figure 63 (a).

Figure 64: EDS averaged plot of elements segregated in wt. % in the dendrite, middle core,
interdendritic region, and MC carbides in as-deposited (a) WSU 100, and (b) WSU 150 alloys.
Fine spherical γ′ precipitates were observed in the interdendritic region with an average particle
size of 21 nm, but the area and volume fraction of the distribution of γ′ precipitates in the
interdendritic region was higher as it can be observed and compared from Figure 62 (c) and Figure
63 (c). γ′ precipitates were suppressed in the middle core and the dendrite core with precipitation
observed only in the interdendritic region.
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Figure 65: (a) Stress-strain curves of as-deposited and heat-treated WSU 100 @760 °C/2h, 4h, 8h
and 16h, and (b) bar graphs displaying the UTS, YS and elongation percentage of the stress-strain
curves.
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Figure 66: (a) Stress – strain curves of as-deposited and heat treated WSU 150 @760 °C/2h, 4h,
8h and 16h, and (b) bar graphs displaying the UTS, YS and elongation percentage of the stress
strain curves.
The two new Ni-base superalloys (WSU 100 and WSU 150) have been developed, which showed
very promising mechanical properties in the as-deposited and heat-treated conditions. Figure 65
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and Figure 66 show the effect of heat treatment on the mechanical properties of WSU 100 and
WSU 150 alloys, respectively. WSU 100 alloy exhibits best combination of strength (YS = 1023
MPa and UTS = 1321 MPa) and elongation = 20 % after the heat treatment at 760 oC for 16 h. On
the other hand, WSU 150 alloy revealed the excellent room-temperature mechanical properties
(YS = 1114 MPa, UTS = 1396 MPa, and elongation = 16.1 %) after the aging treatment at 760 oC
for 4 h. In comparison, WSU 100 alloy revealed YS > 1000 MPa with tensile elongation of 20 %,
whereas, WSU 150 alloy exhibited YS = 1114 MPa with elongation = 16.1%. These two new
alloys are very promising Ni-base superalloys for additive manufacturing applications. To our
knowledge on commercial Ni-base superalloys with YS > 1000 MPa and elongation about 20 %
have been fabricated by additive manufacturing. It is also anticipated that the elevated temperature
tensile and creep properties of these alloys will also be considerably higher compared to Haynes
282 and Inconel 740 alloys.
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Chapter 8: Summary and Conclusion
The thesis focuses on presenting a rudimentary understanding of AM processed low and high γ'
Ni-based alloy, functionally graded materials and metal matrix composite employing LMD. The
results of the current study provide the opportunity to:


Recognize vital processing parameters for high γ' based IN 738 superalloy, which resulted
in developing crack free structures with desired microstructure and properties.



Systematically develop a complete structure to gain insights into the melting, solidification,
microstructure evolution, and mechanical properties during LMD by integrating
experimental results and computational techniques.



Developed a process-structure-property relationship for a range of Ni-based superalloys
processed by LMD.



Developed several novel alloys and contribute to the science of functionally graded
materials enabling alloy development and high entropy alloy processing capabilities for the
LMD process.



LMD was used to fabricate high-γ' Ni-based superalloy, low-γ' Ni-based superalloy,
functionally graded materials with varying composition, and metal matrix composites
where a varying range of different wt. % of elements are present in the metal powders
composition. The metal powders processed were in the range of 35 to 150 μm and also,
due to gas atomization, they were not completely spherical in nature with satellite powders
and had defects such as porosity. The LMD system was able to fabricate dense defect-free
structures that show the versatility of the process to manufacture several Ni-based
superalloys.
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The research investigated the quality of the LMD deposits in great detail across a range of
superalloys. The results revealed the as-deposited microstructure has finer length scale,
superior microstructural uniformity, and significantly lower level of elemental segregation
which require less amount of homogenization heat-treatment time that facilitates faster part
turnaround time.



The primary and secondary dendritic arms are aligned with the direction of the dominant
thermal gradient that is [001].



Micro-hardness results show that the deposit region has approximately 12 % higher
hardness compared to the cast counterparts across different superalloys investigated. Such
an increase may be due to the finer microstructure.



XRD and EBSD study revealed that the deposit regions show considerable texture due to
the strong thermal gradient in the [001] direction.



EDS results and CALPHAD simulations reveal elemental segregation during the last stage
of solidification mostly in the interdendritic region.



Compared to cast counterparts the primary dendrite arm spacing (500 μm) in the asdeposited region is of the order of 8 to 10 μm in the as-deposited LMD microstructure that
is about 50x times finer.



WSU 100 specimens have been developed particularly for additive manufacturing
exhibited outstanding room temperature tensile properties (YS = 875 MPa, UTS = 1160
MPa, and ε = 30.5%) better than LMD Haynes 282



Post LMD age hardening at 760 °C for 16h improved the YS to 1023 MPa, and UTS to
1321 MPa displaying properties better than post-deposition heat-treated Haynes 282
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Reason for improved strength is due to the addition of Ta, and Nb which are γʹ formers
including Al, and Ti already present. Moreover, Nb and Ta will play a key role to reduce
the precipitation kinetics of γʹ



Addition of small amount of W has a significant effect of coring due to slow diffusion and
contributes to the solid solution strengthening of the dendrite core and precipitation
strengthening by Ni3(Al,Ti,Ta) in the interdendritic region



WSU 150 specimens have been developed particularly for additive manufacturing
exhibited excellent room temperature tensile strength (YS = 867 MPa, UTS = 1188 MPa,
and ε = 27.9%) better than LMD Haynes 282



Post LMD age hardening at 760 °C for 4h improved the YS to 1114 MPa, and UTS to 1396
MPa displaying properties better than post-deposition heat-treated Haynes 282 and WSU
100



An increase in wt. % of Nb, Ta, Al, Ti, and W compared to WSU 100 increased the volume
fraction of the strengthening γʹ phase with a finer γʹ precipitate size henceforth increasing
the strength of the alloy



A slight reduction in ductility in WSU 150 compared to WSU 100 (0.08 to 0.09 wt. % C)
is due to the increase in carbides volume fraction and higher lattice misfit between γ and γʹ

7.1 Suggestions for future work


The current research focuses on the microstructure developed during rapid solidification
condition and displays a unique structure that is not present in conventional manufacturing
techniques. However, it is possible to control the process parameters to develop complete
equiaxed structures, only columnar structures, single crystals or mixed structures with
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respect to location. Thus, LMD has the flexibility to obtain the desired microstructure and
property which needs to be explored.


The quality of the deposits in the current study was investigated using tension test and
microhardness testing. To further evaluate the mechanical properties, elevated temperature
testing, creep, fatigue, and shear testing need to be performed to understand the benefits of
grain refinement during LMD.



The LMD deposits were characterized using SEM, and XRD techniques in the current
research. Advanced characterization techniques such as transmission electron microscopy
with energy dispersive x-ray spectroscopy, x-ray computed tomography CT scan, and if
possible, atom probe tomography (APT) techniques can be implemented to characterize
the precipitates accurately, detect defects and micro-cracks within the deposit, and provide
elemental segregation at the nanoscale.



A cellular automaton (CA) based modeling technique for tracing the boundaries of grain
growing into the undercooled melt, predict grain structure in LMD process to simulate the
solidification grain structure and predict dendritic growth morphology of Ni-based
superalloys.
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Nickel-based superalloys are substantially used in the manufacturing of boilers for ultrasupercritical power plants and gas turbine hot-section as this grade of alloys provide higher yield
strength with the rise in operating temperature and pressure owing to the presence of γʹ second
phase precipitates. Conventionally, casting techniques such as centrifugal casting, investment
casting, vacuum molding and several other casting based methods are used to fabricate the hotsection components. Nevertheless, a need for designing advanced materials with complex designs
such as geometry, microstructure control, compositional changes, microstructure and property
varying with the location as in functionally graded materials is not viable for manufacturing using
traditional processing routes. Moreover, if the components have manufacturing defects or
subjected to degradation during extended exposure in the course of service, it is unfeasible to repair
the superalloy parts by conventional routes as these alloys are prone to cracking employing
welding.
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Advanced manufacturing processes such as additive manufacturing (AM) based techniques
presents an opportunity to fabricate various metallic alloy systems resulting in controlling the
desired microstructure and property under regulated processing environment by optimizing the
parameters by design of experiments. As AM is relatively a new method of fabricating advanced
structural high-performance materials there is a substantial need to systematically investigate
several materials developed for conventional manufacturing routes, develop new materials suitable
for AM and finally investigate how the process-structure-property relationship affects the
competency of AM in building high-grade components in nickel-based superalloy.
The objective of this research is to facilitate the fundamental scientific understanding of
melting and remelting of layers using a laser beam as the energy source, solidification and resolidification theory, precipitation kinetics, structure-property-relationship of various nickel-based
superalloys employing direct laser metal deposition (LMD)-based AM process. Thermodynamic
simulation coupled with experimental proof, post-processing and advanced materials
characterization methods are amalgamated to deepen the understanding of LMD processed nickelbased superalloys, thus, validating the feasibility of repair and fabrication of high-performance
structural components with required microstructure and property.
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